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Referat: Ziel dieser Arbeit ist es, eine Verbindung zwischen der Mikrostruktur
teilkristalliner Polymere und derer mechanischen Eigenschaften auf der Mikro-
und Nanometerskala aufzubauen. Dazu wurden Methoden der Rasterkraftmikros-
kopie verwendet um sowohl orts- als auch zeitaufgelöst Kristallisations-, Deforma-
tions- und Diffusionsprozesse in der Mikrostruktur von elastomerem Polypropy-
len (ePP) abzubilden. Die mechanischen Eigenschaften wurden simultan mit
Mikrozugversuchen bestimmt. So konnte beispielsweise ein Zusammenhang zwis-
chen abnehmender Kristall-Kristall-Distanz und einem Ansteigen des Elastiz-
itätsmoduls während der Kristallisation nachgewiesen werden. Weiterhin war
es möglich die Veränderung der nano-mechanischen Eigenschaften während der
Kristallisation einzelner kristalliner Lamellen in deren direkter Umgebung mit
MUSIC-mode Rasterkraftmikroskopie zu untersuchen. Laterale Querexpansion
(auxetisches Verhalten) konnte bei uniaxialen Zugversuchen für die Kreuzschraf-
fur-Struktur elastomeren Polypropylens auf der Größenskala einiger Mikrometer
nachgewiesen werden. Zusätzlich wurde eine Orientierungsabhängigkeit dieses
Effekts beobachtet. Außerdem wurde die Diffusion einzelner Kristalle in der
Mikrostruktur von ePP beobachtet. Die Heterogenität dieser Diffusion lässt auf
eine kristallin-amorph Grenzschicht um alle Kristalle schließen.
Schlagwörter: Teilkristalline Polymere, elastomeres Polypropylen, Kristallisa-
tion, Kreuzschraffur Struktur, auxetisches Verhalten, Diffusion, kristallin-amor-
phe Grenzschicht, Mikrozugversuch, Mikrorheologie, MUSIC-mode, Rasterkraft-
mikroskopie
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Abbreviations
PP Polypropylene
iPP Isotactic Polypropylene
ePP Elastomeric Polypropylene
CHS Crosshatch structure
MSD Mean squared displacement
AFM Atomic force microscopy
IC-mode Intermittent-contact mode
APD Amplitude-phase-distance
MUSIC-mode Multi-setpoint intermittent-contact mode
DSC Differential scanning calorimetry
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1 Introduction
Figure 1.1 | "Convergence" by Jackson Pollock, 1952 (Albright-Knox Art
Gallery, Buffalo, USA)
"The abstract painting is abstract. It confronts you. There was a reviewer a
while back who wrote that my pictures didn’t have any beginning or any end.
He didn’t mean it as a compliment, but it was." − Jackson Pollock
The reviewer’s comment could as well describe the nature of a polymeric system
as a convolution of usually linear molecular chains, consisting of periodically
repeated building blocks, the monomers. While each of these chains actually
has an beginning and an end, polymers are considered in their entirety. They
are determined by statistics of chain length, steric orientation and the attempt
to maximize entropy. The result is a coiled and disordered microstructure where
every region of the system is to a large extent identical. In the same way, many of
Jackson Pollocks paintings give the impression, that they are only one part of a
larger painting which is structured fractal-like with curved lines of color splashes.
Unknowingly, Jackson Pollock painted polymeric systems. In his mind, abstract
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art confronts the viewer with his own associations. And indeed, an indescribable
motion of the painting unfolds as the viewers eyes wander across it. Is this motion
intrinsic? How does it respond to external stimulus such as a deformation? Is
there a tendency for pattern? These are the fundamental questions in polymer
science which still give rise to debate [1, 2]. This is where we have to leave
the arts comparison behind, as it would be an act of recklessness to stretch the
canvas and ruin a multi-million-dollar painting just for demonstrating similarities.
Let us instead focus on experiments with real world polymeric systems.
In the last century, polymers have gained a dominant role for a wide range of
applications due to their availability based on cheap fossil resources, durabil-
ity in different environments and adjustability to different usage scenarios [3, 4].
Approaches, such as blending of several polymers with different mechanical prop-
erties [5], adding filler materials such as carbon for strengthening [6, 7] or nu-
cleating agents to change the transparency [8, 9] are common to design the
desired material properties of polymers. Furthermore, a multitude of processing
steps were invented to design the material properties of polymers for a wide
range of applications [10]. This has led to the development of several method-
ologies to analyze the various material properties of polymers. Currently, there
exist over 5000 polymer-related DIN norms and specifications [11]. However,
future demands on applications such as foldable or woven microelectronics and
organic photovoltaics, biodegradable packing and medical surfaces demand even
more adaption of polymeric materials. One example of such a polymer is the
semicrystalline ePP [12, 13, 14]. It was recently demonstrated that its crys-
talline microstructure expands laterally upon uniaxial elongation on the 100-nm
scale [15]. To benefit from such an auxetic deformation behavior for future
applications, it is crucial to better understand the intrinsic processes in the mi-
crostructure through suitable analysis techniques. Therefore, the first attempt
of the thesis is to image processes such as crystallization, diffusion and defor-
mations of the microstructure with AFM. In a second step, the thesis analyzes
which conclusions can be drawn from the results of the imaging regarding the
mechanical behavior on the micro- and nanometer scale.
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1.1 Polymers
Polymer chain models. There are many examples in history of scientists at-
tempting to describe the mechanical and the thermodynamic behavior of poly-
mers on the molecular scale. In the 1920s, Hermann Staudinger defined a macro-
molecule with a weight averaged molecular weight of MW > 10 kg/mol [16, 17].
In the 1930s, Werner Kuhn elaborated the Freely-Jointed-Chains-Model for lin-
ear macromolecules which he called "polymer" [18]. In this model, N subchains
with the length b connect to the contour length L of the polymer. "Freely
jointed" implies, that each subchain with the Kuhn-length b can orientate ran-
domly and independent from other subchains. This gives the system statistical
properties as each subchain can perform a random walk [19]. The movement
of each subchain results in a randomly coiled shape of the polymer [20]. The
end-to-end-vector ~R of such a coiled polymer is shown in Fig. 1.2a. Its length
is given by
|~R| =
√
N · b. (1.1)
An other measure for the size of a polymer coil is its gyration radius Rg [20],
given by the center of mass vector ~rS and the vectors of each Kuhn-segment ~ri:
Rg =
√√√√ 1
N
N∑
i=1
|~ri − ~rS|2 =
√
N · b√
6
. (1.2)
It can be measured by means of diffraction [21].
In 1953, Prince E. Rouse introduced his model for polymer chains being repre-
sented by a periodic daisy chain of hard spheres connected with elastic springs,
to describe the unique viscoelastic deformation behavior (Fig. 1.2b) [22]. While
the Rouse-Bueche-Model had great success in explaining how the motion of the
polymer chains are connected to the mechanical behavior, the models predic-
tions often differed from experimental results due to its inability to describe the
entanglement of polymer chains.
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Figure 1.2 | Common macromolecular models of polymers a) Freely-
Jointed-Chains model; adapted from [20]. b) Rouse-Bueche model. c)
Confined random walk after De Gennes. d) Tube model by Doi-Edwards
A significant step forward in understanding the diffusive motion of polymer chains
in bulk was achieved by Pierre-Gills de Gennes. He introduced the Reptation-
Model with a confinement of fixed points (Fig. 1.2c). These points symbolize
the surrounding polymer chains which drastically reduce sideways diffusion [23].
The result is a snakelike motion, called reptation [24].
The idea of confinement was taken even further by Masao Doi and Sir Samuel
Frederick Edwards, who formulated the Tube-theory for entangled polymer chains
[25]. In this nowadays well established theory, the motion of a polymer chain is
confined by a surrounding tube which represents all neighboring polymer chains
(Fig. 1.2d). Doi and Edwards were able to link the dynamics of reptation to
macroscopic quantities which describe the viscoelastic behavior, for example,
the steady state viscosity with the molecular weight as η0 ∝ M3. Until today,
many improvements have been made to adapt the Tube-theory to more complex
questions, regarding the deformation of polymers, by introducing additional relax-
ation modes, such as constrained release relaxation and tube length fluctuations
[26, 27, 28, 29, 30, 31, 32].
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Figure 1.3 | (a) Elastic modulus of a linear, amorphous polymer depending
on the temperature (black line). The dashed line corresponds to semicrys-
talline polymers. The dotted line corresponds to cross-linked polymers.
Adapted from [33]. (b, c) Mechanical deformation ε and mechanical stress
σ as a function of time t for an idealized step-strain experiment.
Viscoelastic behavior. The complex deformation behavior of the amorphous
structure of randomly coiled polymer chains does not only depend on the me-
chanical stress σ applied, but also on stress rate ε˙ and temperature T .
Figure 1.3a shows how the temperature T defines the mechanical behavior and
with it the elastic modulus E of polymers. Region 1 of the plot represents the
glassy state of a polymer. In this temperature range, the molecular motion of
polymer chains is restricted to vibrational and rotational modes [34]. The elastic
modulus E is in the range of 1GPa and above.
The second region, centered around the glass transition temperature TG is called
glass transition zone. In this region, the translational motion of polymer chains
through their tubes is introduced. This leads to a drop of the elastic modulus
E by three orders of magnitude and furthermore to a stress relaxation, after an
elongation εstep was applied (Fig. 1.3b,c). The relaxation time τ decreases with
temperature T . However, the onset of glass transition in polymers is still subject
of heated debates as some experiments have shown a film thickness dependence
of TG for thin films and some others not [35].
The third region in Fig. 1.3a is called Rubbery Plateau Region. The name origi-
nates from the elastic and reversible deformation behavior for large deformations,
comparable to rubber. The elastic modulus E is of the order of a few MPa. The
deformation rate ε˙ directly influences the amount of mechanical stress σ which
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is induced in the polymers as well as its relaxation after the deformation was ap-
plied. Small deformations with high strain rates are completely reversible, while
slow deformations are irreversible. This can be explained by the increased mo-
tion of polymer chains on different length scales, such as segmental motion or
reptation, resulting in a stress relaxation during slow deformations.
In region 4 of Fig. 1.3a, the ability to reversibly deform upon stress is only
observed for very fast deformations. For all other deformations, the increase in
thermal energy makes the reptation process dominant. The polymer loses its
ability to deform reversibly.
Finally, region 5 corresponds to a completely liquid behavior, where the polymer
chains can freely diffuse through the material. Elastic behavior, if any, is only
measured for deformations with extremely high strain rates. In conclusion, it can
be said that the timescale of relaxation processes in a polymer strongly depend
on the temperature. This time-temperature superposition can be described with
a shift factor between the mechanical properties such as the viscosity η for two
temperatures, based on the Wiliams-Landel-Ferry equation [36].
In rheological studies, the deformation behavior of polymers can be described
by a system of elastic springs and viscous dashpots. During elongation, the
alignment of polymer chains reduces the number of possible configurations of the
chains. The entropy of the system is reduced and causes a repulsive force which
in turn tends to maximize the entropy again by recoiling the polymer chains back
into a random state. The dashpots represent the relaxation of polymer chains
out of their tubes which takes place on a broad range of relaxation times. A
common model in rheology is the Generalized-Maxwell model [37, 33]. It utilizes
a parallel set of N serially connected springs and dashpots. The stress relaxation
after a step strain event is given by
σ(t) =
N∑
i=1
σiexp(−t/τi) + σ0. (1.3)
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For i →∞ the term 1.3 leads to an integral:
σ(t) =
∫ ∞
0
H(τ)exp(−t/τ)d lnτ + σ0 (1.4)
with the spectrum of relaxation times H(τ). The relaxation behavior is often
described by a stretched exponential function [38].
σ(t) = σ∞exp(−t/τ)β + σ0. (1.5)
The exponent β represents the shape of the relaxation time spectrum H(τ).
Roland et al. suggested β to be β = 1 − n with a coupling parameter n which
describes the amount of the intermolecular cooperativity [39]. For the compari-
son of different stretched exponential functions, a characteristic relaxation time
τβ can be determined, according to Eq. 1.6 [40]:
τβ =
τ
β
Γ(
1
β
). (1.6)
The characteristic relaxation time τβ of a stress relaxation gives access to the
elongation viscosity ηT with [33]
ηT =
σ∞
εstep
· τβ. (1.7)
Semicrystalline polymers
Besides the coiled state of polymer chains, the energy of polymeric systems can
be minimized through crystallization. In the case of polypropylene, the underly-
ing principle can be found in the conformation of monomer side groups which
result in the formation of helices due to steric hindrance. This is called tacticity
and one differentiate between three kinds:
(i) if the bond between the monomers is meso-oriented, then isotactic chains
are formed. As a result, all side groups are located on the same side of their
monomers. The steric hindrance between the side groups leads to a helical twist
of the polymer backbone.
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(ii) Polymer chains with racemic-oriented bonds between the monomers are
called syndiotactic and also form helices. Fig. 1.4 shows schematically the
difference between the two orientations of polypropylene.
(iii) Atactic polymer chains display a random sequence of meso- and racemic
bonds along their backbone. An ideal atactic polymer displays no helices along
the backbone and is unable to crystallize.
Figure 1.4 | Meso (isotactic) and racemic (syndiotactic) bond between two
monomers (dyades) of polypropylene. The stereoregularity of a polymer can
be given by the pentades value [mmmm].
Elastomeric polypropylene is such an atactic polypropylene, but it incorporates
isotactic blocks along the chain that still can crystallize [12, 13, 14]. The portion
of isotactic chain segments compared to the whole chain (stereoregularity) can
be expressed by the pentades value [mmmm] in percent. Low percentages limit
the amount of crystals which can form from the amorphous phase. As a result,
the material becomes elastic [41, 42], and is called elastomeric polypropylene
(ePP). In contrast, mostly isotactic polypropylenes (iPP) display stiff and highly
impact resistant behavior due to their high degree of crystallinity C [42].
Crystallization occurs in a temperature range between the glass transition tem-
perature TG and the melting temperature TM and starts from solution [43, 44] or
from the polymer melt [33, 2, 44]. While crystallization from solution is driven
by the evaporation of the solvent and an increase in polymer concentration, crys-
tallization from the melt depends on the diffusive motion of the polymer chains
in a temperature range of TG < T < TM. The formation of nuclei (precursor
of crystals) can either be homogeneous, starting from a density fluctuation or
heterogeneous, if starting from incorporated nuclei [45, 6, 46].
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Lamella formation. In order to describe the crystallization in a more qualita-
tive way, several models emerged with enthalpic [47, 48] or entropic barriers
[49, 50]. The formation of crystalline lamellae from folded polymer chains can
be described in the framework of the Folded-Chain Model [47]. It was recently
imaged by means of AFM [51]. If less flexible polymer chains crystallize, the
folding is suppressed and the reentry into the lamella is randomized, as explained
by the Switchboard Model [52].
Gert Strobl introduced a model which describes how lamellae crystallize from the
melt (Fig. 1.5 [49]). In this model, the lamella formation occurs from a meso-
Figure 1.5 | Model of the formation of a crystalline lamella from the melt
according to Strobl. Adapted from [49].
morphic layer, where crystallizable polymer chain segments are roughly oriented
parallel to each other. This state of pre-alignment leads to the formation of
crystalline blocks, which in the last step, merge to the final lamella. Experimen-
tal evidence of the model has been confirmed in several studies [53, 54, 15, 55].
Furthermore, x-ray diffraction techniques revealed that, for example, in polypropy-
lene different crystal modifications can be distinguished [56, 57, 58].
The thickness of the lamellae is limited by the thermodynamical conditions
during crystallization and the amount of surrounding entanglements or non-
crystallizable chain segments which cannot be incorporated into the lamella
[59, 60, 61, 62, 63]. For this reason, the semicrystalline morphology of polymers
cannot crystallize completely.
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Figure 1.6 | Schematic representation of a semicrystalline polymer. Parallel
oriented polymer chain segments form crystalline lamellae (blue). An inter-
phase (grey) is formed around the crystalline lamellae, where the mobility
of amorphous polymer chain segments is reduced [64, 65].
Microstructure formation. The result of the formation of lamellae is a hetero-
geneous polymeric system with amorphous as well as ordered crystalline regions
which can be described by the Fringed-Micelle model. A scheme of the model is
shown in Fig. 1.6. The crystalline lamellae are colored blue. Lamella thicknesses
are in the range of 10− 50 nm [66, 67, 68, 69], while the length can vary from
50 nm to several micrometers.
Crystalline lamellae are often connected to each other [70, 66]. For example, the
formation of directly neighbored lamellae with parallel orientation occurs due to
the fact that they are made of the same polymer chains with roughly the same
orientation [71]. Another aspect is the epitaxial growth of lamellae onto each
other in preferred branching angles (Fig. 1.6) [72]. Norton et al. showed that
for the α-modification of polypropylene this angle is 80◦40” [73]. More recently,
this result was verified by AFM imaging [74] and during the crystallization pro-
cess of ePP [75].
Under certain conditions, the epitaxial growth of several periodically aligned
lamellae can form the crosshatch structure (CHS; Fig. 1.7a). In polypropy-
lene, large patches of CHS can crystallize from solution [72] and from the melt
[74, 76, 75]. More frequently, the formation of lamella bundles together with
the epitaxially growth result in a microstructure that contains hedrites. Hedrites
are the precursor of spherulites [74, 77, 76] which represent the largest objects
of the crystalline microstructure with dimensions of up to 0.5mm (Fig. 1.7b,c).
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Figure 1.7 | AFM phase images of different crystalline microstructures of
elastomeric polypropylene. (a) CHS and (b) hedrites of ePP with a low
stereoregularity. (c) Spherulite of ePP with high stereoregularity.
The existence of crystals clearly influences the mechanical behavior of polymers.
As indicated by the dashed line in Fig. 1.3a, the temperature range of the rub-
bery plateau region is enlarged and the elastic modulus E is increased. This
broadening can be attributed to the crystals which work as physical knots, com-
parable to cross-links in rubber, as shown for ePP [78, 41]. In ePP, the elastic
modulus E is proportional to the degree of crystallinity C of the whole semicrys-
talline morphology [42]. For a low degree of crystallinity C, individual crystals are
located in the amorphous regions. As a result, elongations of the semicrystalline
morphology only affect the amorphous regions and mainly the elastic modulus
Eamorph of the amorphous regions is measured. With increasing degree of crys-
tallinity C, the crystals form a connected microstructure, and Ecrystal becomes
dominant. Additionally, the material becomes brittle. Large elongations often
cause neck regions in polymer samples, where local rearrangements are particu-
larly severe [53, 79, 80]. In these neck regions polymer chains oriented parallel
to the direction of deformation, resulting in the formation of fibrils [54].
Deformations can induce a change in crystal modification, as was shown for
polypropylene [81, 82]. In turn, the crystalline microstructure can influence the
deformation behavior of polymers in a more complex manner: Franke et al. found
for thin films of ePP that several quadrangles of crystalline lamellae with a size
of ≈ 100 nm display lateral expansion (negative local Poisson’s ratio µ) upon
uniaxial elongation [15]. This auxetic behavior is very rare among materials and
was first reported for certain polymer foams [83, 84].
19
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1.2 Diffusion
With the invention of the first modern optical microscopes at the beginning of the
19th century, scientists were overwhelmed by the now observable phenomenon of
particle motion in solvents. Among them was Robert Brown who studied solvated
pollen grains in water as early as 1828. These grains showed a fundamentally new
type of diffusive motion [85]. Some eighty years later, Albert Einstein described
this Brownian motion as the collision of liquid particles, a process that solely
depends on the temperature T and the friction between the particles. He also
formulated the Stokes-Einstein equation (SEE) for the translational diffusion
D =
kBT
6piηr
(1.8)
with the diffusion coefficient D, and the linear Stokes-friction of a spherical
particle with the radius r in a viscous medium with the viscosity η [86]. Just
one year later Albert Einstein and Marian Smoluchowski were able to establish
a relationship between the motion of one particle and the diffusion coefficient
of the whole system [87]. The mean squared displacement 〈r 2(τ)〉 (MSD) of a
n-dimensional particle trajectory after a time τ is connected with the diffusion
coefficient D for τ →∞:
MSD = 〈r 2(τ)〉 = 2Dnτα. (1.9)
The exponent α is a measure for the type of diffusion. Fig. 1.8a shows typical
graphs of the MSD with different α. In the case of homogeneous diffusion,
the exponent α = 1. A restriction of the mean squared displacement to the
2σ-boundaries is an indication for homogeneous diffusion [88]. The influence
of the observation time τ and the number of steps N of a trajectory on the
2σ-boundaries is shown in Fig. 1.8b. In contrast to homogeneous diffusion,
anomalous diffusion can arise from non-ergodicity [89] or can be caused from
confinements around a diffusive particle which prevent it from crossing restricted
regions (0 < α < 1, Sub-diffusion). For 1 < α < 2, the particle is accelerated
20
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Figure 1.8 | (a) Mean squared displacements of trajectories with Super-
(dashed), homogeneous (continuous) and Sub-diffusion (dotted). (b) 2σ-
boundaries (dashed) of a trajectory for different trajectory lengths. (a,b)
are adapted from [88].
due to an external force field, concentration or temperature gradient which in-
crease the diffusion in at least one direction (Super-diffusion) [88].
As previously stated, the diffusive motion of polymer chains along their contour
in a polymeric system is called reptation. In experiments, reptation was studied in
large parts using Nuclear Magnetic Resonance Spectroscopy methods [90]. The
direct observation of the reptation at the interface between differently deuterated
polystyrene polymers with Dynamic Secondary-ion Mass Spectroscopy was per-
formed by Russell et al. [91]. One year later, the reptation of labeled fluorescent
actin filaments as well as DNA was directly imaged using Video Fluorescence
Microscropy [92, 93].
A common approach to measure dynamic processes in polymers is to utilize fluo-
rescent probes which are incorporated in the polymeric system. A whole plethora
of different probes exists, for example, fluorescent dye molecules, noble metal
nanoparticles or labelled polymeric nano-spheres, to observe rotational and trans-
lational motion [40, 94, 95, 96, 97], spectral diffusion [98, 99, 100], fluorescence
lifetime fluctuations [101, 102] or resonance energy transfer between two species
of probes [103, 104].
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1.3 Atomic force microscopy
Five years after the invention of the Scanning Tunneling Microscope [105, 106,
107], Gerd Binnig, Calvin Quate and Christoph Gerber invented the Atomic
Force Microscope (AFM) and measured the interactions between a ceramic sur-
face and a cantilever with a diamond tip by monitoring the displacement of the
latter during line-wise scanning of the sample [108]. Since then, the measure-
ment principle remained almost the same. The deflection of the cantilever during
contact with the sample surface is commonly monitored by a laser beam hitting
the backside of the cantilever. The deflection of the laser beam is then measured
by a segmented photodiode (Fig. 1.9a).
Figure 1.9 | Scheme of (a) line-wise and (b) point-wise AFM scanning.
In contact mode, the tip is always in direct contact with the sample. The linear
relation between the cantilever deflection D and the applied force F is then given
by the spring constant k . Generally, a constant deflection is used as a set value
to adjust the height distance z between the cantilever and the sample surface
(constant force mode). Due to the force F , which is continuously applied, the
different contact modes are inappropriate for measuring soft materials such as
polymers or biological samples, as the applied forces can alter or even destroy
the structures of these samples.
The dynamic Intermittent-Contact mode (IC mode, also Tapping Mode™) has
been established in order to analyze soft polymer samples with a low stiffness
[109, 110]. Here, an additional piezo element is utilized to stimulate the can-
tilever oscillation at or close to its specific resonance frequency fR and with an
22
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Figure 1.10 | (a) Typical APD curve, with the amplitude A (red) and
phase θ (blue; adapted from [115]). (b) Subsurface image of ePP, calcu-
lated from a grid of 50 x 50 APD curves, with a threshold of kTS, indi-
cated in the grayscale cross section: crystalline (brighter) and amorphous
regions (darker, reprinted with permission from [69], Copyright 2011 Amer-
ican Chemical Society.).
amplitude A0 of several nanometer (Fig. 1.9a). The control parameter for the
z-piezo element is the ratio between the damped oscillation amplitude on the
surface and the free amplitude A/A0 (Amplitude-Setpoint). During scanning in
IC-mode, the cantilever touches the sample surface only at the lower inflection
point. As a result, the applied forces between the tip and the surface are sig-
nificantly reduced. The tip-sample interaction results in a phase shift φ between
the driver and the actual oscillation. This phase shift φ is a qualitative measure
for the nano-mechanical properties of the sample.
Amplitude-Phase-Distance curves
In contrast to the previously discussed line-wise scanning modes, the measure-
ment of Amplitude-Phase-Distance-curves is a point-wise method (Fig. 1.9b).
The amplitude A and the phase shift φ of the tip oscillation are recorded as a
function of the continuously reduced tip-sample distance d and allow for the cal-
culation of the nano-mechanical properties of the sample [111, 112, 113, 114].
A typical APD curve is shown in Fig. 1.10a. The onset of short-range attractive
interactions between the tip and the sample is found in point 1. With decreas-
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ing distance, attractive forces maximize the amplitude and lead to a negative
phase shift of the cantilever oscillation. At some point between 1 and 2 repulsive
forces emerge which overcompensate the attractive forces in point 2. Further
reduction in z-level leads to even stronger damping. From the point 3 on, where
the amplitude equals the free amplitude A0, the APD curve is in the repulsive
regime. In this part of the APD curve the phase shift φ is positive.
A noteworthy fact is that one APD curve contains the information of all ampli-
tude setpoints A/A0 of the IC mode. After point-wise mapping a sample with
a two dimensional grid of APD curves, every IC phase image at any given am-
plitude setpoint A/A0 can be reconstructed. Therefore, the method is called
Multi-Setpoint Intermittent-Contact-, in short, MUSIC -mode [116]. This mode
allows for obtaining the nano-mechanical properties as well as the unperturbed
surface and the indentation of the AFM-tip into the sample in one single mea-
surement.
The indentation z˜ is quantified by comparing the measured APD curves to a
curve on an hypothetical infinitely stiff surface [117] (Fig. 1.10a). The unper-
turbed surface is defined, being located at the measured distance of point 1 of all
APD curves [118, 115, 119]. This procedure allows to introduce the indentation
z˜ as a new sample-related depth-coordinate.
The, during each oscillation into the sample, dissipated energy Edis can be ob-
tained using the following expression [111, 120, 121]:
Edis = Eext − Emed = pikA
Q
(
A0sinφ− Aω
ω0
)
. (1.10)
Here, Q quality factor of the, ω the frequency and ω0 the resonance frequency of
the tip. Edis can be used to distinguish between mechanically different materials,
if plotted as a function of the amplitude setpoint A/A0 [121, 122, 69].
Schröter et al. found another approach by comparing the applied forces during
APD measurements [123]. They compiled an equation for all forces at the tip’s
position z , based on the equation of a driven harmonic oscillator and an additional
time-dependent force FTS between the tip and the sample:
mz¨ + αz˙ + kz = F0cos (ωt) + FTS(t). (1.11)
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The Eq. 1.11 can be solved using the effective parameters keff = k + kTS and
αeff = α+ αTS extracted from APD curves as follows:
keff
m
= ω2 + cos(φ)
F0/m
A
, (1.12)
αeff
m
=
−sin(φ)F0/m
ωA
. (1.13)
While the additional spring constant kTS represents conservative interactions
between the tip and the sample, αTS is correlated to dissipative processes. The
quantities can be used to reconstruct the spatial distribution of mechanically
heterogeneous regions in a sample in x-, y - and z-direction, as shown for the
crystalline microstructure of ePP in a kTS-iso-surface plot Fig. 1.10b [69].
1.4 Micro-mechanical testing
The selection of a polymer for a specific usage scenario is often based on its me-
chanical properties. Several test experiments were introduced which are often
based on developed experiments for other material categories, such as metals.
The most common experiment is the tensile test, described in the EN ISO 527-1
standard [124].
Typical test procedures are creep (elongation with constant mechanical stress σ)
and step-strain (constant strain rate ε˙) experiments. Figure 1.11a shows a full
cycle of a step-strain experiment. During elongation, the stress-strain behavior
of the polymer sample can be obtained (Fig. 1.11b) which contains information
about the elastic modulus E (slope of the linear-elastic regime), yield strength
σY as well as the stress at sample breakdown σF. Furthermore, sequentially
performed mechanical tests allow for a time-resolved analysis of the mechanical
properties, or, if the elongation is modulated by a sinus function, the measure-
ment of viscoelastic quantities such as storage modulus G ′ and loss modulus G ′′
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Figure 1.11 | (a) Uniaxial elongation test cycle. Elongating the polymer
film was performed with a constant strain rate ε˙. The mechanical stress
increases until the elongation εstep is reached (b). A stress relaxation is
followed. After the half of the cycle time, the elongation is returned to ε0.
(dynamic mechanical spectroscopy). Mechanical tests can be performed with a
wide range of setups, from tensile-tests (uniaxial strain [125, 126]) to rheome-
ters (torsion; on ePP: [78]) and bulge tests (biaxial strain [127, 128]).
If local processes in the sample’s microstructure are to be analyzed, a com-
bination with suitable imaging techniques often demands a miniaturization of
the setups and samples. While the integration of nanoscale AFM imaging is
challenging, one benefit is that deformations in the crystalline microstructure of
semicrystalline polymers can be studied with high resolution, as Koike et al. [54]
Figure 1.12 | (a) Micro-tensile test with integrated force sensor. (b) Illus-
tration of the force sensor. Its displacement xd results in a voltage signal
U, which can be calibrated to calculate the force F . (c) Top view of the
freestanding area between the two silicon substrates; AFM cantilever (blue
dashed line). The distance G between the edges of the substrates is mea-
sured in the optical micrographs.
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have shown for ePP and Michler et al. [53] for polyethylene.
Even more ambitious is to follow the deformation processes in one measuring
spot at high resolution for an image sequence analysis of the local deformations
[129, 15, 130]. The experimental setup is shown in Fig. 1.12a. It is based on the
setup, presented in Ref. [15] and has been modified to include a force sensor for
the measurement of stress [129]. The force F was measured with a silicon force
sensor AE 801 (Bernin, France), connected to a half-bridge-controller NI 9237
from National Instruments (Austin, Texas, USA). While the sample is elongated
with a piezo drive, the mechanical stress can be calculated from the deflection
of the silicon force sensor (Fig. 1.12b). Simultaneously, a measuring spot in the
freestanding film can be imaged with AFM and optical microscopy (Fig. 1.12c).
1.5 Outline
The thesis aims to describe the processes during and after the formation of the
semicrystalline morphology in semicrystalline polypropyenes which influence the
mechanical properties and deformation behavior on the micro- as well as on the
nm-scale. For this purpose, already established AFM methods are modified for
time-resolved imaging with high spatial resolution. The results provide insight
in the interplay between the semicrystalline morphology and its deformation be-
havior as well as the mechanical properties of the specimen.
In the first part of Chapter 2, the crystallization of freestanding ePP films is
imaged with AFM while its mechanical properties are simultaneously monitored
via sequential mechanical testing. This allows for the identification of morpho-
logical changes in ePP which are responsible for the liquid-to-solid transition.
Further it confirms the previous ideas [78, 41, 42] that individual crystals act as
physical knots of the amorphous regions. In the second part of Chapter 2, the
nano-mechanical properties are monitored, time- and depth-resolved with a se-
quentially performed MUSIC -mode measurement on the local scale of individual
lamellae. The findings extend previous works of Spitzner et al. [69].
In Chapter 3, the unique auxetic deformation behavior of the CHS is quanti-
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tatively analyzed. The results go beyond previous works of Franke et al. [15]
and represent another step towards a macroscopic demonstration of the intrinsic
auxetic behavior of ePP for future applications.
Chapter 4 is dedicated to the amorphous regions of the semicrystalline morphol-
ogy of ePP. AFM imaging of the Brownian motion of individual crystals enables
to draw conclusions about the heterogeneities of the amorphous regions in the
vicinity of crystals and the size of the crystal-amorphous interphase.
1.6 Individual contributions
The research carried out in this work has been accomplished in collaboration with
members of our as well as external groups. The contributions to each chapter
are listed below.
Chapter 2 - The process of crystallization. The data, indicated by as cast were
measured by Toni Hille and partially presented within his Bachelor Thesis "Un-
tersuchung von Alterungsprozessen in dünnen Polymerfilmen mit Mikrozugver-
suchen" [131]. This data was reevaluated within the present work by myself.
The second section contains data and results of an APD measurement which
was performed and analyzed by Mario Zerson and myself.
Chapter 3 - Auxetic behavior of the crosshatch structure in elastomeric
polypropylene. The data presented within this chapter was measured and an-
alyzed entirely by the author. The chapter is based on a manuscript entitled
"Auxetic behavior of the crosshatch structure in elastomeric polypropylene" by
Martin Neumann and Robert Magerle which is currently in preparation for sub-
mission to a peer reviewed journal.
Chapter 4 - Brownian motion of polymer crystals in a semicrystalline poly-
mer. The data presented within this chapter was measured and analyzed entirely
by the author. The chapter is based on a manuscript "Brownian motion of poly-
mer crystals in a semicrystalline polmer" by Martin Neumann, Stefan Krause,
Melanie Fröbe, Christian von Borczyskowski and Robert Magerle which is cur-
rently in preparation for submission to a peer reviewed journal.
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The mechanical properties of semicrystalline polymers are directly linked to the
crystalline microstructure in terms of Young’s modulus, maximum elastic defor-
mation or impact and shock resistance [132]. However, it is still unclear how
these properties change during the early stages of crystallization, when the ma-
terial behaves more like a liquid than a solid. This is especially true for ePP,
whose maximum degree of crystallinity is limited by a low stereoregularity along
the polymer chains [14, 74, 42]. Several studies have performed rheological and
mechanical tests of ePP samples after the crystallization process was completed
[78, 133, 57, 58, 41]. Boger et al. have studied the change of the mechanical
behavior and the crystalline microstructure of ePP samples during heating [134].
In more recent studies the mechanical properties were mapped with advanced
AFM techniques on the local scale of individual crystals [67, 122, 69, 135].
In this chapter, we carried out two different experiments, giving insights into the
complex relationship between the formation of the crystalline microstructure and
the mechanical properties during the early stages of crystallization.
In the first section, sequential mechanical tests of crystallizing ePP films were
performed. Simultaneously, the crystallization was observed in real space by
means of AFM techniques. In the second section of this chapter, time-resolved
MUSIC-mode AFM measurements are presented which allow for mapping the
change of nano-mechanical properties of ePP during the crystallization of indi-
vidual lamella with an unprecedented level of detail.
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2.1 Temporal evolution of mechanical properties
during crystallization
Before crystallization occurs, ePP samples are highly viscous polymer melts. The
formation of a crystalline microstructure has a large impact on the mechanical
properties of the samples as they become comparable to rubber. Until today,
models concerning the correlation between the microstructure and the mechan-
ical properties are derived from already crystallized microstructures [78, 41, 81].
This is due to the lack of a capable experimental setup which allows for me-
chanical tests of an almost liquid material and a simultaneous imaging of the
microstructure formation on the nanometer scale. The limitation can be over-
come with the micro-tensile testing device, that was previously introduced in my
diploma thesis. The sample geometry of the setup is designed in a way that the
surface tension prevents the polymer film from yielding, even if it is still liquid
[129]. Stress-strain as well as stress relaxation experiments allow for a reliable
measurement of the elastic modulus E and elongation viscosity ηT . These me-
chanical properties of differently treated ePP films are set in relationship to the,
by means of IC-AFM measured, evolving crystalline microstructure and compared
with established models.
Experimental
Sample preparation. A 10mg/ml polymer-toluene solution was prepared with
the polymer ePP P024 (MW = 285 kDa, polydispersity index PDI = 1.3,
[mmmm] = 22%), synthesized by Alexander Schöbel in the group of Bernd
Rieger (TU Munich, Munich, Germany) [14, 136]. 60 µl-drops of the solution
were drop-casted on two freshly split sodium chloride single crystals. The as
cast sample (AC) was stored for 45min at ambient conditions to let the solvent
evaporate. No further annealing was performed. The second sample (MA) was
melt annealed at T = 433K above the melting temperature TM for 5min [55].
Afterwards, it was stored for another 30min for increased stability of the film.
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The sodium chloride crystals of both samples were dissolved in water (dist.).
The polymer films were transferred on the micro-tensile testing device with a
wire ring and adhere at the silicon substrates. The geometry of the freestanding
polymer films was measured with an optical microscope: slit width b ≈ 4mm;
initial length in the range of 200 µm < G0 < 300 µm. The film thicknesses d
were measured with AFM (dAC = 12 µm; dMA = 1.2 µm).
Sequential mechanical tests of the samples were performed with the micro-
tensile testing device (Fig. 1.12a) [129]. During the duration of each test tC
(AC: tC,AC = 50 s; MA: tC,MA = 200 s), the elongation ε of the samples was
increased to εstep (AC: εstep,AC = 0.02; MA: εstep,MA = 0.09) with a strain rate
ε˙ = 0.006 s−1 and was hold until tC/2. Following this, the elongation was de-
creased to ε0 and hold until tC. The force F was measured with a silicon force
sensor AE 801 (Bernin, France), connected to a half-bridge-controller NI 9237
from National Instruments (Austin, Texas, USA). The calibration of its deflec-
tion was performed with a set of milligram weights. The mechanical stress was
calculated by σ = F/(b · d).
The AFM measurements were performed between the mechanical test cycles
in IC-mode with a Nanowizard AFM (JPK Instruments, Berlin, Germany) and
standard silicon tips (type Pointprobe NCH, Nanoworld, Neuchâtel, Switzerland)
with a resonance frequency of approximately 300 kHz. The amplitude setpoints
were chosen between 0.66< A/A0 < 0.8 with A0 = 3V.
Image analysis was performed with the software Gwyddion [137]. Height and
phase images were first order flattened. A first-order plane-fit was performed to
eliminate tilt of the sample in relation to the AFM. The grayscales were adjusted
to the minimum and maximum values of the images. The degree of crystallinity
C was calculated from binarized AFM phase images using the iterative method
[138], implemented in the software ImageJ [139]. The threshold θC was set as
explained in Ref. [138], so pixels, which represent higher phase values than this
threshold, can be attributed to the crystalline fraction. The ratio between the
number of pixels with θ > θC and the total pixel count gives the degree of crys-
tallinity C. The number and the size AC of individual crystals were determined
with the ImageJ function analyze particles [139].
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AFM imaging of the crystallization process
Figure 2.1 | AFM phase images of the semicrystalline morphology for several
stages of crystallization, taken at the same spot. (a-d) As cast sample (data
from Ref. [131]) and (e-h) melt annealed sample.
The crystallization of two differently treated ePP P024 samples is shown in the
AFM phase images in Fig 2.1. The crystalline microstructure of the as cast
sample evolves from a few nm-small crystals to crystals, whose sizes are broadly
distributed. In contrast, the initial density of crystals for the melt annealed
sample is larger compared to that of the as cast sample, although the individual
crystal size increases only slightly.
The degree of crystallinity C, the density of crystals ρC, the average size of the
crystals A¯C and the distance between the crystals d¯C are shown in Fig. 2.2 as
function of the time t. After 40 h, both samples reached a comparable degree
of crystallinity C, but the temporal evolution of C is different. While C for the
as cast sample evolves slower than in the melt annealed sample during the first
104 s, this is turned around for the rest of the experiment. Figure 2.2b shows
the time dependence of the density of crystals ρC. The density of crystals ρC,AC
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Figure 2.2 | (a) Degree of crystallinity C as a function of time t. As cast
sample (black), melt annealed sample (blue); Time dependence of the (b)
density of crystals ρC, (c) average size of the crystals A¯C and (d) average
distance d¯C between the crystals.
of the as cast sample is initially smaller than that of the melt annealed sample.
The average size of each crystal A¯C increases during crystallization (Fig. 2.2c) in
both samples. The plot suggests a logarithmic time-dependence of the average
size A¯C of the crystals for both samples. At the end, the average size of the
crystals A¯C,MA of the melt annealed sample is smaller. As a consequence of the
increasing density of crystals ρC and their average size A¯C in both samples, the
average distance between the crystals d¯C decreases over time (Fig. 2.2d). Its
calculation is shown in Fig. 2.3. The density of crystals ρC allows for a calculation
of the average space A and its side length a around each crystal. Assuming a
circular shape of the individual crystals, the radii rC,i can be determined from
their size AC,i. The average distance d¯C is then given by
d¯C = a − 2r¯C = 1√
ρC
− 2
√
A¯C
pi
. (2.1)
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Figure 2.3 | Origin of the average distance d¯C between two crystals.
Three reasons can be instanced for the different crystallization kinetics:
(i) The formation of nuclei is fundamentally different, starting from solution
(as cast sample), or from the melt (melt annealed sample). During the melt
annealing, the reptative motion of the polymer chains is increased [140]. As
a result, there is an increased probability that isotactic (crystallizable) chain
segments of different polymer chains find each other. This might explain the
higher initial crystal density ρC of the melt annealed sample (Fig. 2.2b).
(ii) During growth, there is a competition of crystals for crystallizable chain
segments. When the distance between the crystals is lowered under a specific
value, the crystallization rate decreases. This could explain the slow down of the
crystallization in the melt annealed sample for t > 12000 s.
(iii) The diffusion of crystallizable chains segments to the crystals is reduced,
because they have to overcome the entanglements of their polymer chains. It can
be assumed that the entanglement density of the melt annealed sample is higher
due to annealing [141]. After easy accessible crystallizable chain segments were
consumed by the first crystals, a slower crystallization rate is measured. This
corroborates studies from Carlson et al., who correlate the slow crystallization
of their ePP to a limited diffusion of polymer chains [78]. In contrast, the
diffusion of polymer chains in the as cast sample is less hindered because less
entanglements have formed [141, 142, 143] and the growth of longer crystalline
lamellae is more likely.
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Monitoring the mechanical properties of ePP
Figure 2.4 | Stress-strain curves for different stages of crystallization of
the as cast sample (a) and the melt annealed sample (b). The mechanical
stress σ(ε = 0.02) (c) and the elastic modulus E (d) as a function of the
time t.
During the crystallization, sequential mechanical tests were performed with both
samples. While the mechanical testing of the as cast sample was performed
continuously, it was performed sporadically for the melt annealed sample. Stress-
strain curves at different stages of crystallization are plotted in Fig. 2.4a,b.
A comparison of the two diagrams reveals a similar evolution of the stress-strain
curves over time. The stress σ increases linearly with the strain for very small
elongations. A non-linear dependency follows for larger elongations. The elon-
gation, where the transition between the linear and non-linear dependency takes
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place, increases over time t from ε ≈ 0.001 to ε ≈ 0.01 in both experiments.
Thus, all mechanical stress values in the following non-linear regime are increased
over time. For a better quantification of this finding, the mechanical stress σ at
an elongation of ε = 0.02 is plotted for different stages of crystallization in Fig.
2.4c. The data points of σ(ε = 0.02) of the two samples are located close to
each other and increase over time t. A difference between the temporal evolu-
tion of σ(ε = 0.02) of the two samples can be seen for times t > 105 s. The
elastic modulus E is calculated from a linear fit in the interval 0 < ε < 0.002 of
each stress-strain curve for both samples. The results are shown in Fig. 2.4d.
While the elastic modulus E of the as cast sample remains constant at a value of
approximately EAC = 2MPa the elastic modulus E of the melt annealed sample
increases during the experiment from EMA = 7.5MPa to EMA = 13MPa at the
end of crystallization.
The gradual increase in σ(ε = 0.02) over time (Fig. 2.4c) is a result of a broad-
ening linear-elastic regime of the stress strain curves in Fig. 2.4a. This can be
explained by the evolving crystalline microstructure. In both samples, crystals
incorporate more and more isotactic chain segments, that fix the location of the
involved polymer chains. This added support enables the polymer network to
react elastically upon an increasing elongation ε. This corroborates the model
that in ePP, crystals act as physical knots like cross-links in rubber [78, 144].
The findings are also in line with studies of Rastogi et al., who measured an
increased plateau modulus of polyethylene melts which undergo fast heat rates
and high annealing temperatures [145].
During the crystallization, the elastic modulus E of both samples remain com-
paratively small in the range of only a few MPa. Comparing the crystalline
microstructure of the ePP samples (Fig. 2.1) with the one of conventional PP
samples (E ∼ GPa) [132], it is revealed that the elastic moduli E of the ePP
samples can be attributed to the lack of a connected crystalline microstructure.
This is in line with results found by Cobzaru et al., showing that ePP samples
with a higher stereoregularity form a connected crystalline microstructure that
results in a higher elastic modulus E [42]. It is, however, puzzling why the elastic
moduli E of the two samples differ by the factor of four. Perhaps, processes in
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the amorphous regions contribute to the difference of the elastic moduli E in an,
up to now, unresolved way.
Figure 2.5 | Stress-relaxation curves for different stages of crystallization of
the as cast (a) and the melt annealed sample (b). Characteristic relaxation
time τβ (c) and elongation viscosity ηT (d) as a function of time t.
In Fig. 2.5a,b, stress relaxation measurements during different stages of the
crystallization process are shown for the two samples. By fitting, the aforemen-
tioned stretched exponential function (Eq. 1.5) to the stress relaxation data, the
characteristic relaxation times τβ can be obtained (Fig. 2.5c). The error bars
indicate the fitting error. The characteristic relaxation times τβ,2 for the melt
annealed sample are smaller than that of the as cast sample. This difference
can be attributed to the different elongations steps εstep, at which the stress
relaxation of both samples was measured [126]. Therefore, only the different
temporal evolution is discussed. The characteristic relaxation times τβ,AC for the
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as cast sample increases over time. In contrast, τβ,MA for the melt annealed
sample remains constant. The elongation viscosity ηT is plotted as a function
of time t in Fig. 2.5d. The elongation viscosity of the as cast sample reaches a
maximum value of ηTAC = 1.5× 105 Pa s after 104 s and remains constant for the
rest of the time t, whereas the elongation viscosity ηTMA of the melt annealed
sample remains relatively constant during the first 105 s, and increases by a factor
of three, afterwards.
The measurement of the stress relaxation allows for a deep insight into the
dynamics and structure of the amorphous regions. The increase of the charac-
teristic relaxation time τβ,AC can be explained with the formation of entangle-
ments in the amorphous regions. This is corroborated by studies of Barbero et
al. who measured an increase of the entanglement density in thermal annealed
polystyrene films [141]. They also found that this process is driven by the tem-
perature dependent reptation of the polymer chains. In the case of the melt
annealed sample, the characteristic relaxation time τβ,MA remains constant be-
cause the entangled polymer network has already formed during melt annealing
and before the crystallization.
The same argumentation holds true for the discussion of the increase of the
elongation viscosity ηTAC of the as cast sample, measured during the first 10
4 s.
In the case of the melt annealed sample, the formation of an entangled network
was already completed during melt annealing. As a result, the elongation viscos-
ity remains constant during the first 105 s. This does, however, not explain the
increase of the elongation viscosity ηTMA for t > 10
5 s. Therefore, the formation
of a several nanometer thick interphase with an increased local viscosity around
the crystals is likely [64, 146, 147, 65]. This interphase of partly fixed polymer
chains and stabilized entanglements would become an in-negligible part of the
amorphous regions, if a specific density of crystals ρC is reached or if the average
distance between the crystals d¯C is below a specific value.
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Correlation between the elastic modulus and the crystalline
microstructure
The previous sections stated that the crystalline microstructure and the vis-
coelastic behavior for two ePP samples changed over time during crystallization.
At the same time, it remains unclear how the crystallization influences the elas-
tic modulus E. In Fig. 2.6, the elastic modulus E is plotted as a function of
the degree of crystallinity C, the density of crystals ρC and the average distance
between the crystals d¯C. The plot in Fig. 2.6a shows no correlation between the
elastic moduli E of the two samples and the degree of crystallinity C. The elastic
Figure 2.6 | The elastic modulus E as a function of (a) the degree of
crystallinity, (b) the density of crystals ρC and (c) the average distance
between the crystals d¯C.
modulus of the as cast sample is constant at EAC ≈ 2.5MPa. A slight increase
of the elastic modulus EMA of the melt annealed sample from EMA ≈ 10MPa
for C < 0.17 to EMA = 13MPa for C = 0.17 is measured. The difference in
elastic moduli becomes clear, if plotted as a function of the density of crystals
ρC (Fig. 2.6b). The plot shows that the lower the density of crystals ρC, the
lower is the elastic modulus E. In addition, the elastic modulus EMA of the melt
annealed sample correlates strongly with the density of crystals ρC. However, it
must be considered that the density of crystals ρC cannot be increased to infinity
by crystallization. When crystals begin to merge to larger clusters and form a
connected crystalline microstructure the density of crystals ρC begins to decline
again. As a result, the crystal density decreases again. Therefore, a better
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measure for the transition from individual crystals to a connected crystalline mi-
crostructure is the average distance between the crystals d¯C. Fig. 2.6c shows the
elastic modulus E as the function of the average distance between the crystals
d¯C. The highest elastic modulus Emax,MA = 13MPa of the melt annealed sample
is measured, when the distance between the crystals reaches its minimum value
at d¯C = 145 nm. With increasing distance d¯C, the elastic modulus E decreases.
In the case of the as cast sample, the average distance between the crystals d¯C
is always large enough to exclude influences on the elastic modulus.
Figure 2.7 | Model of the formation of the semicrystalline morphology dur-
ing the crystallization from solution (left) and from the melt (right). Grey
blocks correspond to crystals. Entanglements are indicated with blue cir-
cles. Black arrows indicate the distance between the crystals. Red polymer
chains indicate tie-chains.
The findings are summarized within a model, which is shown in Fig. 2.7. It
reflects the evolution of the crystalline, as well as the amorphous regions after
film preparation und during the crystallization. For presentation purposes, the
typical size of polymer coils is increased by the factor of ten.
Initially, the crystals (grey boxes) of the as cast sample (left) evolve largely from
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sparsely entangled polymer chains [141, 142, 143]. The average distance be-
tween these crystals d¯C (black arrow) is large. For that reason, no tie-chains
should exist between the crystals. During crystallization, the crystals evolve into
lamella by incorporating segments of other polymer chains. As a result, an in-
creasing amount of polymer chains is partially fixed by crystals. This broadens
the linear-elastic regime of the stress-strain curves. However, after crystalliza-
tion, the average distance between the crystals d¯C is still to large, to effectively
increase the elastic modulus E. The remaining amorphous polymer chains have
entangled (blue colored circles) which explains the increase of the characteristic
relaxation time τβ,AC of the as cast sample.
During melt annealing (right), the entangling of the polymer chains happens,
even before crystals form. In this well entangled network, a large number of
crystals form at room temperature, resulting in a small average distance between
the crystals d¯C. Both aspects lead to (i) broadening of the linear-elastic regime,
and (ii) an increased elastic modulus E. This indicates a possible percolation
phenomena for decreasing distances d¯C, which would result in a significantly in-
creased elastic modulus E, due to merging of crystals to a connected crystalline
microstructure. It is also possible that a mesomorphic structure exists between
crystals where polymer chains are in a preordered state and further enhance the
stability of the semicrystalline morphology [148].
Another reason for the increase of the elastic modulus E could be tie-chains
between early and a lately formed crystals, although it is unlikely that many of
them have formed during our experiments. This is due to the average distance
between the crystals d¯C which is still ten times larger than the gyration radius
RG ≈ 19 nm [149]. Therefore, further assumptions have to be made, such as
the existence of small, by means of AFM, undetectable crystals or an increased
number of crystals, located under the surface. The latter assumption is corrob-
orated by nanotomography studies on ePP, which indicate an increased degree
of crystallinity C in deeper regions of the samples [68].
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Conclusion
The influence of the crystallization process on the mechanical properties of dif-
ferently annealed ePP samples was studied in this section. The formation of
individual crystals in the amorphous regions results in a broader linear-elastic
regime of the stress strain behavior which corroborates the model of De Rosa et
al. that these crystals act as physical knots of an amorphous polymer network
and enhance its stability [144]. The results also show that the increasing degree
of crystallinity C only partially explains the change of the mechanical proper-
ties. A much better correlation can be found, when aspects of the crystalline
microstructure, such as the density of crystals ρC and the average distance be-
tween the crystals d¯C are considered. The gradual decrease of the average
distance between the crystals d¯C results in an increased elastic modulus E. All
results are summarized in a model which takes the different annealing conditions
of the two measured ePP samples into account. In the limit of d¯C → 10 nm,
the model explains the, by three orders of magnitude, higher elastic modulus E
of conventional polypropylenes [33] which display a much larger degree of crys-
tallinity (C = 80%) and consist of a connected crystalline network.
Changes in the amorphous regions should also not be neglected, as for example,
the density of entanglements which plays an important role during stress relax-
ation. Actually, great efforts are made in our group to analyze processes in these
amorphous regions of semicrystalline polymers using single molecule microscopy
techniques [130, 150]. A combination of the shown sequential mechanical tests
and single molecule techniques might help bring evidences to the assumed in-
crease of the entanglement density in the amorphous polymers.
In the context of this thesis, the presented results are essential for the under-
standing of the complex deformation behavior of the crosshatch structure of ePP
which are presented in the next Chapter 3 as well as for comparing viscosities
with ones from micro-rheological measurements, shown in Chapter 4.
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2.2 Mapping of nano-mechanical properties during
crystallization
The previous section showed how the process of crystallization influences the
mechanical properties of ePP samples on the length scale of an entire polymer
film. The contributions of the crystalline as well as of the amorphous fraction
on the mechanical properties have been revealed. However, only an integral an-
swer for the entire polymer film could be given and it remains unclear how the
temporal evolution of each fraction and their material properties takes place on
a local scale of only a few nanometers.
In previous studies of our group, the semicrystalline morphology of ePP was al-
ready studied with APD measurements. Topics of interests were, for example,
the difference between dissipated energy Edis(A/A0)-plots on crystalline or amor-
phous regions [122] and the imaging of the three-dimensional shape of individual
crystalline lamellae [69]. It was shown that APD measurements are sensitive to
the semicrystalline morphology of ePP, so they are also suitable to investigate
the formation of the crystalline microstructure during crystallization. The follow-
ing section reports time-resolved MUSIC-mode AFM measurements performed
during the crystallization with which changes of nano-mechanical properties in
the amorphous as well as in the crystalline fraction of ePP can be studied with
an unprecedented level of detail.
Experimental
Sample preparation. A 10mg/ml polymer-toluene solution was prepared with
the polymer ePP P011 (MW = 30 kDa, PDI = 2.0, [mmmm] = 44%), synthe-
sized by Alexander Schöbel in the group of Bernd Rieger (TU Munich, Munich,
Germany) [14, 136]. A 1 × 1 cm2 large SiO2 substrate was cleaned in a bath
of toluene-aceton 1 : 1 mixture. Subsequently, the substrates were fixed on a
heatplate and cleaned with a snow-jet [151]. The polymer-toluene solution was
spuncast onto the substrate (60 s, 2000 rpm). The sample was melt annealed at
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T = 433K (which is above the melting temperature TM) for 5min [55]. The ini-
tial film thickness d(t = 0) was determined from the polymer volume, measured
on an 40 × 40 µm2 large AFM height image, after crystallization of the sample
had finished.
The AFM measurements were performed in Intermittent contact mode with
a Nanowizard II AFM (JPK Instruments, Berlin, Germany) and standard silicon
tips (type Pointprobe NCH, Nanoworld, Neuchâtel, Switzerland) with a typical
resonance frequency f0 of approximately 300 kHz. The amplitude setpoints were
chosen between 0.66< A/A0 < 0.8 with A0 = 3V to ensure operation in the
repulsive regime. The oscillation parameters [152] of the APD measurements
are shown in Table 2.1. During the whole experiment the thermal drift was neg-
ligible.
Table 2.1 | APD measurement calibration values of the tip
f0 in kHz fm in kHz kC in N/m Q F0/m in m/s2 min(A/A0)
301.376 301.346 19.6 376.7 606.7 0.7
Image analysis was performed with the software Gwyddion [137]. Height and
pahse images were flattened by subtracting a first-order polynom of each scan
line. A first-order plane-fit with respect to the substrate was performed to elim-
inate tilt of the sample in relation to the AFM. The grayscales were adjusted to
the minimum and maximum values of the images. APD curves were analyzed
using Matlab routines, developed in the group [153] of Prof. Magerle. The
ImageJ-function Volume Viewer 2.0 was used to render depth profiles [139].
MUSIC-mode measurements during the crystallization
process
Before conducting the MUSIC-mode AFM measurements, a suitable measuring
position has to be found by means of IC-mode AFM. One suitable position is
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Figure 2.8 | (a) IC-mode AFM phase image of the semicrystalline mor-
phology of P011 ePP in an early stage of crystallization. After capturing
(a), a line of 100 APD curves was measured 40 times along the marked
line, corresponding to a length of 500 nm. (b) AFM phase image of the
crystalline microstructure of P011 ePP after the APD measurement. (c)
Surface level along the yellow dotted line in (a) and (b), obtained from AFM
height images that correspond to (a) and (b).
shown in the AFM phase images in Fig. 2.8a,b for two different times t. On the
left side of Fig. 2.8a, several crystalline lamellae are visible. Crystalline lamellae
(bright) have radially grown from a few nucleation centers. The dark regions of
the image correspond to amorphous material. Fig. 2.8b shows the same position
57min later. The crystalline microstructure has evolved and a dense structure of
newly formed crystalline lamellae is observed. The crystallization rate cannot be
obtained from the two images, as it is unclear how the crystallization proceeds
during the time between the two AFM images were captured.
The incorporation of crystallizable chain segments from the amorphous region
leads to a flow of amorphous material until the silicon substrate is exposed or
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covered with only a very small amount of amorphous material. To characterize
the resulting decrease in local film thickness d during the crystallization process,
cross sections of the corresponding height images of Fig. 2.8a,b are shown in
Fig. 2.8c.
Between the capturing of the two AFM images (see Fig. 2.8a,b), MUSIC-mode
AFM measurements were performed. A line of hundred APD-curves, with a
spacing of 5 nm was subsequently measured 40 times. The position of the first
sequence of APD-curves is indicated by the white arrow in Fig. 2.8a while the
position of the last sequence is indicated in Fig. 2.8b. The duration of each
sequence was t = 78 s. During the subsequent MUSIC-mode measurements,
crystallization occurs along parts of the line.
According to the models of Cleveland et al. [111] and Schröter et al. [123]
the dissipative energy Edis and the conservative part of the effective tip-sample-
interaction force constant kTS can be determined for each APD curve for a
specific interval of amplitude setpoints.
In Fig. 2.9, the temporal evolution of these values during the process of crys-
tallization are mapped for an amplitude setpoint of A/A0 = 0.75. Each map
will be discussed line-wise from the bottom to the top as this represents the
chronological order. First, the Edis-map in Fig. 2.9a will be discussed. At the
beginning of the MUSIC-mode AFM measurement, all Edis-values are narrowly
distributed around Edis ≈ 300 eV. This turns out to be the case until the end of
sequence S17 at t = 1403 s. Because of the equality of the Edis-values during
these sequences, the corresponding region in the map is indicated with number
1. A comparison with the AFM phase image in Fig. 2.8a reveals that the mea-
sured Edis-values correspond to the amorphous regions. For times t > 1404 s
the left part of the following sequences shows lower values with Edis < 300 eV.
The length of this region increases with time. After t = 2418 s, a second region
with low Edis-values emerges and grows with time as can be seen on the right
side of Fig. 2.9a. Regions with an average Edis below 300 eV are indicated by
the number 2. A comparison with Fig. 2.8b reveals that the Edis-values can be
assigned to crystalline lamellae which have grown during the MUSIC-mode AFM
measurement. An amorphous-to-crystalline transition (1-2) has occurred.
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Figure 2.9 | The temporal evolution of the nano-mechanical properties kts
(a) and Edis (b) calculated from lines of 100 APD curves for A/A0 = 0.75.
The first sequence is indicated with a horizontal dotted line (black). A sec-
ond horizontal dotted line indicates the 36th sequence of APD curves, which
starts after 2808 s. Blue colored parts of the line correspond to crystalline
material while the red colored part correspond to amorphous material after
crystallization.
A second characteristic transition can be seen in the time interval 1560 s < t <
3120 s with Edis increasing to values larger than 350 eV (indicated by the number
3). From the AFM phase image in Fig. 2.8b it is clear that this regions remain
amorphous. The increase in Edis for the amorphous parts of the sequence sug-
gests a second transition in the nano-mechanical properties (1-3).
The kTS-map shows the same features, compared to the Edis-map, with inverted
contrast. It follows that, high kTS-values correspond to the stiffer crystalline
material, while low kTS-values correspond to the amorphous material.
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Figure 2.10 | Edis (black) and kts (cyan) as a function of time for points
x1 = 115 nm (a) and x2 = 350 nm (b) in Fig. 2.9.
The diagrams in Fig. 2.10 show the temporal evolution of Edis and kTS of the ob-
served transitions. First, the amorphous-to-crystalline transition (1-2): In both
maps in Fig. 2.9, the x1 = 115 nm position is marked with black dotted lines.
Following the first 750 s period with constant values for Edis and kTS, Edis in-
creases slightly, while kTS decreases. This is reversed after t = 1000 s, when Edis
drastically decreases and reaches the global minimum Edis = 208 eV. Inversely,
kTS reaches the maximum at 37mN/m. A comparison between Fig. 2.8 and Fig.
2.9 reveals that the temporal evolution of Edis and kTS shows a the transition
from amorphous to crystalline (1-2). This is in line with the findings of Dietz et
al. who saw a decrease of Edis on crystalline, compared to amorphous material
in ePP [122].
In the time interval 750 s < t < 1000 s, shortly before the amorphous-to-
crystalline transition happens, in Fig. 2.10a another phenomenon can be ob-
served: the measured tip-sample-interactions become even more dissipative, in-
dicating that the material becomes temporarily softer.
For the second transition (1-3) the position x2 = 350 nm is viewed. The corre-
sponding Edis- and kTS-values are plotted as a function of time t in Fig. 2.10b.
There is a continuous increase in Edis, which starts approximately at t = 1000 s
and reaches maximum values of 350 eV. After t = 1000 s, kTS-values begin to
decrease continuously until they stabilize at 31mN/m. Both, the reduction of
kTS and the increase of Edis correspond to a change from a more conservative
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to more dissipative tip-sample interactions. This indicates a further softening of
the amorphous regions.
MUSIC-mode AFM measurements allows for analyzing both transitions with the
quantities kTS, Edis and the indentation z˜0 as a function of the amplitude setpoint
A/A0 (Fig. 2.11) [116, 119]. Each diagram shows three datasets. Black lines
Figure 2.11 | (a) kTS, (b) Edis and (c) the indentation z˜0 as the function
of the amplitude setpoint A/A0. The black colored graphs correspond to
the first sequence of APD-curves. Blue (crystalline) and red (amorphous)
colored graphs correspond to the APD curves, measured during sequence
S36 in the time interval 2808 s < t < 2886 s.
represent the average of the first APD-sequence (black dotted line in Fig. 2.9).
They represent the completely amorphous material, indicated by the number
1 in Fig. 2.9a,b. Blue lines correspond to the average data from the APD-
curves during sequence S36 which correspond to crystalline material (see Fig.
2.9 number 2) and red colored lines show the average data of all remaining APD-
curves of sequence S36 (see Fig. 2.9 number 3). The diagrams will be discussed
from large to small amplitude setpoints A/A0. In Fig. 2.11a the kTS-graphs of
the three data sets look quite similar. They all exhibit a global minimum for
an amplitude setpoint A/A0 close to 1 which represents attractive tip-sample
interactions. For lower amplitude setpoints A/A0, the graphs differentiate from
each other. For A/A0 = 0.7, the highest kTS-value is measured on crystalline
material, followed by the amorphous regions of sequence S1 and the amorphous
regions of sequence S36.
The order is reversed in the Edis-plot shown in Fig. 2.11b. This is comparable to
the inverse contrast in Fig. 2.9. Unlike the kTS-plot, no local minimum exists.
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All Edis-values are positive. This is in line with previous studies, in which low
Edis-maxima are identified as crystalline material of ePP [122].
In Fig. 2.11c, the largest indentation of z˜ = 20 nm is reached during the first
APD-sequence S1 on completely amorphous material. This was expected, as
soft material damps the oscillation of the cantilever less than crystalline material.
Furthermore, the Edis- as well as the z˜0-curves, measured on amorphous material
are typical for viscous damping and indentation into soft material.
The smallest indentation maximum with z˜0 = 11 nm is reached on crystalline
material which measures an amorphous top layer of the same size on top of
each crystal. This is in good agreement with previous findings of our group
[122, 68, 69].
The lower indentation in the amorphous material measured in sequence S36
compared to sequence S1 can be explained by the decrease in film thickness from
∆d ≈ 50 nm during crystallization (Fig. 2.8c). Therefore, substrate interactions
have to be taken into account, that reduce the maximum indentation on such
thin films during force spectroscopy based measurements [154, 155]. Now that
the indentation z˜ has been discussed, it can be employed as a new measure for a
depth-resolved Sub-Surface mapping of the nano-mechanical properties of each
APD sequence [69].
Time- and depth-resolved analysis of nano-mechanical
properties during crystal growth
Figure 2.12 shows the distribution of kTS beneath the sample surface for four
APD sequences. All depth profiles feature a nanometer thick layer with negative
kTS-values indicating attractive tip-sample interactions. Vice versa, repulsive tip-
sample interactions can be seen, where kTS changes to positive (red) kTS-values.
The depth profiles will be discussed in their chronological order from top to bot-
tom.
The depth profile of APD-sequence S1 shows that the surface of the sample is
flat and the thickness of the attractive regime is homogeneous. The maximum
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Figure 2.12 | Consecutive kTS-depth profiles of APD-curve sequence S1,
S18, S20, S36. Blue colored areas correspond to the attractive tip-sample
interactions. Dotted lines indicate the growth of crystalline lamella.
indentation of z˜0,max = 18 nm along the whole depth profile is comparably large,
due to the completely amorphous material.
The depth profile of sequence S18 shows a slightly curved surface. The maxi-
mum indentation is reduced in the left part of the depth profile. This part grows
consecutively, as shown in the depth profiles of sequences S20 and S36. On the
right side of the depth profile of sequence S36 a second part is visible, where the
indentation is reduced to z˜0 < 11 nm. The AFM phase image in Fig. 2.8b con-
firms that these parts correspond to growing crystals. To indicate the shape and
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growth of the crystalline material, dotted lines were added to the depth profiles
in Fig. 2.12. Both, the indentation z˜ ≈ 11 nm and the constant thickness of the
attractive regime support the existence of an amorphous top-layer on crystalline
material.
Overall, the thickness of the attractive regime remains constant during all mea-
sured APD-sequences which indicates that the shape of the tip remains mainly
unchanged, allowing for stable imaging conditions. Despite their unlikeliness,
changing imaging conditions can never be excluded and must be taken into ac-
count as reasons for the change of nano-mechanical properties.
However, the question, how the indicated softening of the amorphous regions
can be explained by processes in the polymer taken place during crystallization,
remains unanswered. After crystallization starts, the film thickness d begins to
shrink (see Fig. 2.8) due to a flow of crystallizable chain segments to the crystals.
This assumption is also supported by the depth profiles in Fig. 2.12, where the
increasing surface curvature and decreasing surface level in the amorphous parts
of the depth profiles also indicate a flow of material. According to the pentades
value [mmmm] = 44% of ePP P011, approximately one half of each polymer
chain has a helix conformation (isotactic) and is potentially crystallizable. During
crystallization, only these crystallizable chain segments are incorporated into the
crystals. As a result, the density of helical chain segments decreases until no
helices are left. Under the assumption that these helices have a higher stability
than random polymer chains, it can be concluded that a lack of helices in the
amorphous regions would result in softer mechanical behavior. Analog to this
argumentation, preliminary to crystallization, the helices could have formed a
mesomorphic structure [148, 156] with increased stiffness which depletes during
crystallization as the amount of helices is reduced.
The resulting softening of the remaining amorphous regions as well as the
amorphous-to-crystalline transition can be summarized within the model, shown
in Fig. 2.13. The left image shows an amorphous polymer of randomly coiled
polymer chains with isotactic chain segments (grey boxes). The data suggests
that the polymer is soft and homogeneously distributed.
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Figure 2.13 | Model of the crystallization process and the involved transi-
tions.
When crystallization starts, crystalline lamella are formed from parallel aligned
isotactic polymer chain segments (Fig. 2.13 center image). Crystalline lamella
are much stiffer than the previously amorphous regions. Figure 2.10a indicates,
that 250 s before a crystalline lamella forms at x = 115 nm, the amorphous
material undergoes a temporarily softening. This is reflected in the model by a
decrease of the density of isotactic chain segments in the nanoscopic surround-
ings of the growing crystalline lamella. It is reasonable that the incorporation
of crystallizable chain segments is a much faster process than the flow of new
isotactic chain segments to the crystals. The size of the nanoscopic surrounding
of a lamella with a lower density of isotactic chain segments can be estimated
to be approximately 10 nm (max. two pixels around the crystalline regions in the
x− t-maps of Edis and kTS). It should be mentioned that this temporal softening
of the crystals surrounding can only occur in polymers such as ePP, where the
tacticity is not homogeneous along the polymer chains. The process should not
be visible during the crystallization of completely isotactic polymer chains.
Additionally, the finding does also not contradict Strobl’s model [49] of a meso-
morphic layer, because the measured crystalline-to-amorphous transition is found
to be a continuous process as the model implies.
The crystals growth ceases (Fig. 2.13 right image) as no isotactic polymer chain
segments are available anymore. The increase in Edis and decrease in kTS, mea-
sured on the remaining amorphous material suggests that the material becomes
softer than before the crystallization occurred. This transition can be explained
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with a decrease of the amount of isotactic chain segments in the amorphous
regions. However, the measured reduced indentation z˜0 contradicts this conclu-
sion, as the indentation should increase on softer material.
Conclusion
The temporal evolution of nano-mechanical properties during crystallization of
ePP was measured time- and depth-resolved using MUSIC-mode AFM measure-
ments. A change from dissipative to a more conservative tip-sample interactions
was observed were crystalline lamellae have formed. An amorphous top-layer of
approximately 10 nm was located on top of the growing crystalline lamellae.
Before the formation of a crystalline lamellae, the tip-sample interactions on the
amorphous material changed to more dissipative behavior which can be associ-
ated with a temporal softening. After crystallization, the dissipative tip-sample
interactions on the remaining amorphous regions indicate that the material be-
comes softer than before the crystallization. Both findings can be explained,
when the unique conformation distribution along the polymer chains of ePP with
isotactic helices and atactic chain segments is considered. After crystallization,
only atactic polymer chain segments remain in the amorphous regions while all
available isotactic polymer chain segments are incorporated into the crystals.
The results of this chapter form a comprehensive picture of how the crystal-
lization process lead to, in other studies observed micro- and nano-mechanical
properties of ePP [122, 15, 69]. While in section 2.1, the strengthening of the
semicrystalline morphology, due to the formation of small crystals was observed,
this section was addressed to a weakening of amorphous regions due to the de-
pletion of crystallizable chain segments.
In the context of this thesis, the measured change of the nano-mechanical prop-
erties in the semicrystalline morphology of ePP might explain the origin of het-
erogeneities, that can influence the diffusion of crystals which is discussed in
Chapter 4 of this thesis.
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3.1 Abstract
Auxetic materials expand laterally when stretched. This behavior that was first
reported for certain polymer foams [83, 84] is very rare among materials with a
natural microstructure. Franke et al. recently discovered locally auxetic behavior
in films of elastomeric polypropylene (ePP) [15], a semicrystalline polymer with
a low degree of crystallinity [14]. In ePP, individual crystalline lamellae act as
physical knots of the amorphous regions which results in a mechanical behavior
comparable to rubber. Crystalline lamellae of the α-modification can branch into
daughter lamellae with a branching angle of 80◦ [73], resulting in a crosshatch
structure (CHS) [72, 74]. Here, we report on auxetic behavior of ePP with
several micrometer large patches of the CHS. With a micro-tensile testing setup
that allows for simultaneous imaging with atomic force microscopy (AFM) we
study micro-mechanical deformation processes and viscoelastic behavior of a thin
ePP-film. Series of AFM images taken during uniaxial elongation of a 1.75 µm
thick film show that a ∼ 10 µm large patch of the CHS expands perpendicularly to
the stretching direction with a broadly distributed local Poisson’s ratio between
−1 < µ` < 0. Local displacements are analyzed with image registration and
methods of continuum mechanics theory. We correlate the distribution of the
local Poisson’s ratio with properties of the CHS, such as orientation, density and
defects. The findings reconfirm that auxetic behavior is an intrinsic property of
ePP with the CHS. As other polymers can also crystallize in CHS it is reasonable
that auxetic behavior is a more common phenomenon than expected.
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3.2 Introduction
Recently, Greaves et al. reviewed a great number of theoretical as well as ex-
perimental studies on the auxetic behavior of materials and structures. They
introduced the material subclass “anti-rubber” for materials that deform mostly
reversible upon large deformations, similarly to rubber but display negative Pois-
son’s ratios µ < 0 instead of µ ≈ 0.5 for incompressible deformations [157].
The macroscopic deformation behavior of elastomeric polypropylene (ePP) [13,
12, 14] at ambient conditions is homogeneous, comparable to rubber due to its
semicrystalline morphology [78, 133, 158, 57, 134, 159]. It consists of individual
crystalline lamellae in the α-modification [56] with a size of approximately sev-
eral hundred nanometer which act as physical knots in the amorphous network
[78]. With such a spatially heterogeneous microstructure, the local deformation
behavior can deviate from the global one.
Franke et al. showed that individual quadrangles of crystalline lamellae display
unusual deformation behavior on a length scale of 100 nm with a negative local
Poisson’s ratio µ` upon uniaxial elongation [15]. Fixed branching angles between
the lamellae during uniaxial elongations of up to εG = 0.61 and the conservation
of crystalline volume were identified as the reason for the auxetic behavior. This
indicates that “auxetic” deformation behavior is an intrinsic property of polypropy-
lene with CHS. The concept of fixed branching angles was initially proposed by
theoretical works of Rothenburg et al. [160]. The crosshatch structure (CHS)
is made up of several aligned quadrangles of crystalline lamellae [72, 74] which
form during epitaxial growth with branching angles of 80◦ 40” [73]. Therefore,
we expect that ePP with CHS also displays auxetic behavior, but possibly on a
larger length scale.
The Poisson’s ratio of a structure can depend on the deformation history. For
that reason, Mitschke et al. distinguish between the incremental Poisson’s ra-
tio, determined for each deformation step, and the accumulated Poisson’s ratio,
determined by the sum of deformations [161].
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We prepared a free standing 1.75 µm thick film of ePP and studied its micro-
mechanical behavior using a micro-tensile testing setup and AFM, as shown in
Fig. 3.8. We stepwise increased the uniaxial elongation of the ePP-film up to
εG = 0.4. The elongation εG of the length G0 and the mechanical stress history
are shown in Fig. 3.2. From the stress-strain curve of the first elongation step,
the elastic modulus of the ePP film E = (12± 1)MPa and the yield stress with
σy = 280 kPa at εG = 0.30 are determined. Both results are in good agreement
with the literature [78, 57, 134, 159].
Simultaneously to the stress measurement, we image the deformation of the
crystalline microstructure with atomic force microscopy (AFM). Three exem-
plary AFM phase images of the crystalline microstructure before (Fig. 3.1a) and
after the uniaxial elongations (Fig. 3.1b,c; complete AFM image sequence on
the Addon-CD) are shown. The blue dashed lines enclose the CHS. It contains a
large number of parallel-aligned quadrangles of crystalline lamellae. Even though
the CHS is deformed after the uniaxial elongation, the structure did not collapse
and all features are still in place. This indicates a high strength of the CHS.
In contrast, the surrounding crystalline microstructure with a higher degree of
crystallinity than the CHS, displays cracking. Both types of morphologies were
previously reported by Schönherr et al. [74].
The elongation εL of the CHS structure was measured along the dotted arrow.
Its temporal evolution is shown in Fig. 3.2. It can be seen in Fig.3.1c that the
CHS has relaxed to its initial state εL = −0.05 for a global elongation εG = 0.38
due to changes in other not measured parts of the sample. This shows the ability
of the CHS to reversible deform after the mechanical stress is locally released
and proves that ePP with CHS is an auxetic rubber.
The yellow arrows in Fig.3.1a indicate branching angles which are measured for
every elongation step. The evolution of each angle during uniaxial elongation is
shown in Fig.3.1d. The great majority of observed angles remains constant for
global elongations between 0 < εG < 0.30. This is in line with findings of Franke
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Figure 3.1 | (a) AFM phase image of the semicrystalline morphology at
εG = 0, εL = 0; Crystalline regions are bright, amorphous regions are dark.
CHS enclosed by the blue dashed line, Angles are marked with yellow arrows.
(b) AFM phase image of the same region for a global elongation εG = 0.30.
CHS is elongated (εL = 0.16). (c) AFM phase image for a global elongation
εG ≈ 0.38. The CHS is relaxed (εL ≈ 0) due to failures in other parts of
the polymer film. (d) Angles (indicated in Fig. 3.1a) as a function of the
global elongation εG. (e) Model of Franke et al. for the auxetic behavior
of the quadrangles with fixed branching angles. During elongation along
the y -axis, fixed branching between crystalline lamellae result in a lateral
expansion in x-direction, according to [15].
et al. [15]. Their model for the deformation of quadrangles is shown in Fig.3.1e.
After uniaxial elongation, the size of quadrangles increases but their shape is
unchanged as the branching angles remain constant [15]. As the crystalline vol-
ume as well as the width of the lamellae are assumed to be conserved during
deformations, the lamellae have to elongate. This process can be explained by
considering the granular structure of crystalline lamellae [49] being rearranged
during elongation [53]. As a consequence of fixed branching angles, the width
of each quadrangle is increased after elongation which results in a negative Pois-
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Figure 3.2 | Temporal evolution of the elongations εG, εL, 〈ε`,CHS〉 and the
mechanical stress σ. Dotted lines are estimated curves.
son’s ratio µ. Furthermore, the enclosed volume increases upon elongation which
corroborates the expanding (auxetic) behavior of this deformation mode.
For a quantitative calculation of the local Poisson’s ratio µ, the displacement of
each microstructure element has to be determined from the AFM phase images.
Therefore, AFM phase images, taken before and after each deformation step,
were registered using the bUnwarpJ-algorithm [162]. The calculated displace-
ment field ~d(x, y), to transform the image taken before the deformation into the
one taken afterwards is shown in Fig. 3.3a. It is overlaid on a cropped region
from Fig. 3.1a,b. The lateral expansion of the CHS is directly indicated by the
orientations of the displacement vectors, pointing towards the outer regions.
Our approach for a quantitative deformation analysis is shown in Fig.3.3c. The
deformation can be decomposed into translation, rotation and distortion via the
Helmholtz decomposition [163]. The translation equals a linear offset of all pix-
els and can be assigned to a not perfectly aligned AFM measurement. It can be
eliminated via subtraction of the displacement vector of the central pixel from all
the other displacement vectors. Both eigenvectors of the distortion tensor are
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Figure 3.3 | (a,b) AFM phase images, showing a detail of the CHS before
(a) and after (b) deformation. Arrows indicate the displacements, necessary
to transform (a) in (b). (c) Scheme of the decomposition of the local
displacement field in rotation and distortion to calculate the local Poisson’s
ratio µ(x, y).
perpendicular oriented to each other and indicate the main distortion directions;
their magnitudes are given by the eigenvalues of the distortion tensor. We de-
fine the eigenvalue of the largest eigenvector to be the local elongation ε`(x, y)
and the smaller one to be the corresponding lateral deformation ε⊥(x, y). For
comparison, the temporal evolution of the average local elongation 〈ε`,CHS〉, cal-
culated from all values that were measured in regions with CHS is also shown in
Fig.3.2. The brackets denote the average over regions, indicated in the indices.
The advantage of the mathematical approach is, that deviations of the local
elongation direction from the global elongation direction can be factored in the
calculations. The local Poisson’s ratio µ` can be calculated as follows
µ`(x, y) = −ε⊥(x, y)
ε`(x, y)
. (3.1)
This mathematical formalism allows for mapping the local elongation ε`(x, y) as
well as of the local Poisson’s ratio µ`(x, y) for all steps of the elongation history.
In Fig. 3.4a, the local elongation ε`(x, y) is plotted as a color map layer over the
AFM phase image of the initial microstructure. A local elongation ε`(x, y) ≈ 0
indicate that the corresponding regions in the CHS remain unperturbed after the
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Figure 3.4 | Color map of (a) the local elongation ε`(x, y) and (b) of
the local accumulated Poisson’s ratio µa,`(x, y) for the global elongation
εG = 0.32, overlaid on the AFM phase image of the undeformed CHS
(enclosed by blue dotted line). Arrows indicate the direction of the local
elongation.
deformation steps. They didn’t undergo any deformation and drifted as a com-
pact area. This indicates a high strength of the CHS, even though its degree of
crystallinity is much lower than that of the surrounding crystalline material. The
arrows in Fig. 3.4a display the direction of the local elongation ε`(x, y). The
majority of the arrows are faced roughly in the direction of the global elongation
εG, which validates our local deformations calculations.
The evolution of the local Poisson’s ratio µ`(x, y) with increasing elongation
can be analyzed step-by-step (incrementally) for each elongation step or accu-
mulated for the sum of all elongation steps with reference to the undeformed
CHS [161]. While the stepwise analysis gives the incremental local Poisson’s
ratio µi,`(x, y), calculated from the distortion tensor of one elongation step, the
accumulated local Poisson’s ratio µa,`(x, y) is calculated from the sum of all
distortions tensors of all previously performed elongation steps with respect to
the undeformed sample.
In Fig. 3.4b, the local accumulated Poisson’s ratio µa,`(x, y) for a global elon-
gation εG = 0.30 is mapped as a semitransparent layer on top of the AFM
phase image of the undeformed CHS. Auxetic behavior is indicated by values
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Figure 3.5 | Average incremental local 〈µi,CHS〉 (black) and accumulated
〈µa,CHS〉 local Poisson’s ratio (red) in regions with CHS as a function of the
average local elongation 〈ε`,CHS〉.
µa,`(x, y) < 0 and applies to most parts of the CHS.
However, large color gradients exist in Fig. 3.4b. They result from calculations
of the Eq. 3.1 for regions, where almost no deformation occurs (ε`(x, y) ≈ 0)
(compare to Fig. 3.4a) and Eq. 3.1 is not valid anymore.
Both, 〈µi,`〉 and 〈µa,`〉 are averages over CHS regions and plotted as a func-
tion of the average local elongation 〈ε`,CHS〉 in Fig. 3.5. The error bars cor-
respond to the standard deviation of the average local Poisson’s ratios. The
graph of the incremental local Poisson’s ratio 〈µi,CHS〉 shows that negative val-
ues, or respectively, auxetic behavior takes place for small elongations between
0.06 < 〈ε`,CHS〉 < 0.11. Larger local elongations result in a deformation behavior
with a positive incremental local Poisson’s ratio 〈µi,CHS〉. Nevertheless, the accu-
mulated local Poisson’s ratio 〈µa,CHS〉 remains negative up to a local elongation
〈ε`,CHS〉 ≈ 0.13.
The quantitative image analysis allows for a correlation between the auxetic
behavior and the orientation of the CHS. Therefore, the map of the local Pois-
son’s ratio µa,`(x, y) in Fig. 3.4b was divided into 400 × 400 nm2 large tiles
and the accumulated local Poisson’s ratio 〈µa,n〉 was calculated for each tile n
(Fig. 3.6a). Additionally, the orientation angle θn of the CHS with respect to
the global elongation direction was measured for each tile. In Fig. 3.6b, the
average of the accumulated local Poisson’s ratio 〈µa,n〉 of each tile is plotted as
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Figure 3.6 | (a) Determination of the orientation angle θn and average local
Poisson’s ratio 〈µa,n〉 of 400 × 400 nm2 large tiles of the CHS. The global
elongation εG direction is vertical. (b) Average local accumulated Poisson’s
ratio 〈µa,n〉 as a function of the orientation angle of the CHS.
a function of its orientation angle θn. While the data is scattered, it still becomes
clear, that the accumulated local Poisson’s ratio 〈µa,n〉 decreases continuously
with increasing orientation angle θn. This is expressed by a linear fit (blue line)
with a slope of m = −0.006. The continuous orientation dependence of the local
Poisson’s ratio 〈µa,n〉 deviates from Franke’s proposed constant local Poisson’s
ratio 〈µa,n〉(θn > 0) = −1 (red dotted line in Fig. 3.6b) [15].
Nevertheless, for small orientation angles θn ≈ 0◦, local contraction is not ob-
served (〈µa,n〉 ≈ 0) which is in line with Franke’s model (red point in Fig. 3.6b)
[15]. An explanation for this is that under the condition of fixed branching angles
and an orientation angle θn = 0 of the CHS with respect to the elongation di-
rection, only parallel to the elongation direction oriented lamellae are elongated,
while the lateral width remains constant.
As for comparison, we plotted the behavior of an ideal incompressible rubber
with the local Poisson’s ratio 〈µa,n〉(θn) = 0.5 (dotted grey). Furthermore, the
geometric constraint given by the slit geometry of the micro-tensile setup would
imply 〈µa,n〉(θn) = 0.
The data in Fig. 3.5 and Fig. 3.6 suggest that the auxetic behavior of the
CHS is much more complex and does not result of a collective auxetic behavior
of individual quadrangles. One reason for the complexity might be that, in our
case, the CHS is a several micrometer large pattern of hundreds of quadrangles
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Figure 3.7 | AFM phase images, taken before and after elongation of (a)
irregularities of the CHS and (b) of complex deformations of crystalline
lamellae such as bending and kink formation. Regions of (a) and (b) are
indicated in the local Poisson’s ratio map in Fig. 3.4b.
of different size and orientation which partly contain irregularities such as open
branches. In contrast, the size of crystals studied by Franke et al. were much
smaller, contained only five quadrangles and were surrounded by large amorphous
regions.
In our case, the size of the quadrangles is broadly distributed. There are regions,
where the CHS is more dense and compact than in others, containing irregular
quadrangles. It can be assumed that the strength of a CHS region with a high
density of lamellae is increased. This furthermore restricts the CHS to lateral
expand during elongation. At the same time, other regions with a lower density
of lamellae deform earlier upon the applied mechanical stress. In fact, a larger
auxetic behavior took place in regions of the CHS, where irregularities of the
quadrangles reduce the density of lamellae. One example is shown in Fig. 3.7a.
By comparing the two AFM phase images, taken before and after elongation,
it can be seen that defect quadrangles deform more than closed quadrangles
and the enclosed amorphous regions increases. The concerned regions are also
indicated in Fig. 3.4b. Both suggest that auxetic behavior benefits from the
existence of defects in the CHS.
Last but not least, complex deformations such as bending and kink formations of
crystalline lamellae can be reasons for the deviation from Franke’s model. Avoid-
ing the change of branching angles upon elongation, these lamella deformations
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mode also avoid lateral expansion, while allowing for an elongation of the lamella
itself, as indicated by the blue dotted lines in Fig. 3.7b.
Although, our findings clearly reveal deviations of the deformation behavior of
the CHS from Franke’s model, our data still confirms quantitatively that the
CHS of ePP shows auxetic behavior upon uniaxial elongation. The proposed
mechanisms [15, 160], such as fixed branching angles and conservation of the
crystalline volume can still be utilized to explain the auxetic deformation behavior
of several micrometer large patterns of CHS. However, irregularities of the CHS
and additional deformation modes of the lamellae (bending, kinking) should be
taken into account.
The measured auxetic behavior and the reversible deformation behavior of the
CHS allows for the categorization of the ePP with a CHS to be an "Anti-rubber ”
[157].
3.4 Conclusion
The quantitative analysis of AFM phase image sequences, measured during uni-
axial elongation of ePP films enabled us to map the local Poisson’s ratio µ`(x, y)
of the CHS with an accuracy of a few nanometers. We showed auxetic behavior
with negative values of the local Poisson’s ratio µ`(x, y) < 0 of a several microm-
eter large CHS. This is one order of magnitude larger, compared to the previously
analyzed structures [15]. Maximum auxetic behavior is found for elongations in
the range of 0.06 < 〈ε`,CHS〉 < 0.11. We also found that the orientation angle θ
of the CHS with respect to the global elongation direction has an influence on
the local Poisson’s ratio µ`(x, y). The dependence of the orientation angle θ 6= 0
and the local Poisson’s ratio µ`(x, y) is continuous. This result deviates from the
proposed model for the local auxetic behavior of ePP [15]. Two reasons for the
deviation were identified. Firstly, in CHS regions with a high density of crystalline
lamellae, the auxetic behavior is small. In contrast, regions with a low density of
crystalline lamellae due to irregularities, such as open quadrangles, display local
Poisson’s ratios that are closer to the predicted µ`(x, y) = −1. Secondly, lateral
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expansion can be compensated by complex deformation modes such as bending
and kink formation of crystalline lamellae, while still under the condition of fixed
branching angles between the lamellae of the quadrangles. As our ePP samples
contained only several micrometer large CHS patches, surrounded by other mor-
phologies, hope remains that once a macroscopic sample with a complete CHS
will display a macroscopic auxetic behavior.
3.5 Materials and Methods
Materials. The elastomeric polypropylene ePP P024 (MW = 285 kDa, [mmmm] =
22%) was synthesized by Alexander Schöbel in the group of Bernd Rieger (TU
Munich, Munich, Germany) [136]. 60 µl of a ePP-decalin solution with a con-
centration of 5mg/ml was drop-cast onto a 1 × 1 cm2 large single crystal of
sodium chloride. After evaporation of the solvent, the sample was annealed for
20min at 120◦C in air and then stored for another 19 h at ambient conditions.
The sample was slid into water (dest.). The sodium chloride crystal dissolved
and the remaining film floats to the water surface from where it was transferred
to the silicon substrates of the experimental setup using a wire ring without a
predetermined deformation of the film during the transfer process. The poly-
mer film is fixed on the substrate due to adhesion forces. After the transfer on
the micro-stretching device a 30W halogen light was directed on the film in a
distance of approximately 10 cm for duration of 10min. The heat of the light
source provides good conditions for the formation of the CHS.
Setup and AFM Imaging. The self-developed micro-tensile testing device is
based on a piezo slit system from (Piezosystem Jena, Jena, Germany) with 190
µm closed-loop controlled range. The stress history of the stretching experiment
was measured with an AE 801 force sensor (Bernin, France). All stretching steps
were performed after a waiting time of 45 min for relaxation of the stress in the
ePP film. The strain rate was ε˙ = 0.006 s−1. IC-mode AFM images were mea-
sured with a line rate between 1Hz and 1.5Hz with a Nanowizard II AFM (JPK,
Berlin, Germany) and standard silicon tips (type Pointprobe NCH, Nanoworld,
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Neuchatel, Switzerland, fR ≈ 300 kHz). The size of the images was 10 × 10
µm2 and 5× 5 µm2 with 1024× 1024 pxl resolution. IC-mode AFM images were
taken during the final phase of the stress relaxations. The geometry of the free-
standing film (Fig. 3.8) was measured with an optical microscope. After the
experiment, the film on the surface was scratched with a needle and the film
thickness of d = 1.75 µm was measured with the AFM.
Figure 3.8 | Scheme of the micro-tensile testing setup. Freestanding area:
b = 4mm, G0 = 256 µm, d = 1.75 µm.
Data Analysis: AFM phase images were flattened (first order) and manually
registered (rigid body, no rotation) on a central spot with the software Corel-
Draw to correct for the AFM drift. The displacement field between the manually
preregistered AFM phase images, taken before and after each elongation step,
was calculated with the ImageJ-plugin bUnwarpJ [164, 162]. A self-written
Matlab script was used for the calculation of the distortion field, local elongation
and local Poisson’s ratios as well as the corresponding color maps. Accumu-
lated Poisson’s ratios were calculated from the summated distortions fields of
the previous elongation steps.
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4 Brownian motion of polymer
crystals in a semicrystalline
polymer
4.1 Abstract
Elastomeric polypropylene (ePP) is a semicrystalline polymer with a low degree
of crystallinity. The semicrystalline morphology consists of crystalline lamellae
that are separated by distances of up to 300 nm and are embedded in an amor-
phous matrix of randomly coiled polymer chains. At temperatures between the
glass transition temperature and the melt temperature, ∼ 50 nm large crystals
display Brownian motion within the semicrystalline morphology. We monitor
trajectories of these crystals in a 60 nm thick film of ePP with time-resolved
atomic force microscopy (AFM). The analysis of the mean squared displace-
ment (MSD) yields the diffusion coefficient of the mobile crystals. The diffusion
coefficient is related to the local viscosity in the amorphous matrix, which dis-
plays a temperature dependence that is described by the Williams-Landel-Ferry
equation (WLF). Furthermore, we observe a slow-down of the Brownian motion
of individual crystals in the vicinity of large immobile lamellae. This gives direct
insight in the spatially heterogeneous properties of semicrystalline polymers at
the crystal-amorphous interphase.
4.2 Introduction
Dynamics of polymer chains above the glass transition temperature are well
studied and their consequences on the viscoelastic behavior can be explained
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by fundamental theoretical models [165, 140, 25, 166, 1, 30]. Several experi-
ments such as Nuclear Magnetic Resonance (NMR) [167, 168], Dielectric Spec-
troscopy [169, 170] or direct measurement of polymer chain diffusion [91, 92, 93]
verified these models. Another way to analyze amorphous polymers is to ob-
serve the dynamics of different types of probes that are added to the poly-
mer. The diffusion of single molecules [40, 171] or nanoparticles in polymers
[172, 173, 174, 175, 176, 177] enables to measure the local viscosity of liquid
systems by means of microrheology [178, 179]. In these studies, it is often as-
sumed that the Stokes-Einstein equation (SEE) for translational diffusion is valid
[86, 180].
Above the glass transition temperature TG, the morphology of semicrystalline
polymers, such as ePP contains amorphous regions of randomly coiled polymer
chains, which are liquid, as well as rigid crystals of parallel aligned polymer chains.
It has been found, that these spatial heterogeneities influence the dynamics of
the polymer chains [181, 145] and lead to the formation of an interphase around
the crystals, where the mobility of polymer chains is reduced [64, 2, 147, 65].
In this work we report on the influences of the semicrystalline morphology on
diffusion processes in elastomeric polypropylene (ePP) with a low degree of crys-
tallinity [14]. We observe the Brownian motion of typically 50 nm large polymer
crystals of ePP with AFM at the surface of a 60 nm thick film. The diffusing
crystals are part of the semicrystalline morphology, while being surrounded by
the amorphous polymer matrix of the same material. Therefore, the Brownian
motion is studied directly on a time scale of hours and a length scale of a few
nanometer without the need of adding labeled dye molecules or nanoparticles.
4.3 Results
Fig. 4.1a shows an AFM phase image of the semicrystalline morphology of ePP
at T = 328K. Bright regions correspond to crystalline material while dark regions
correspond to amorphous regions. Four of more than forty diffusing crystals are
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marked. From the AFM phase images we can estimate the sizes of the moving
crystals with an average crystal radius of r¯ = 25 nm (Fig. 4.2a). This is in the
range of the size of 1 − 3 crystal building blocks which form crystalline lamel-
lae after crystallization from the melt [49]. The depth of the crystals is limited
by the film thickness of d = 60 nm. From this we conclude that the shape of
the diffusing crystals is almost spherical. Figure 4.1b shows a scheme of the
semicrystalline morphology with randomly coiled and entangled polymer chains
Figure 4.1 | (a) AFM phase image of a 60 nm thick film of ePP showing
crystalline lamellae (bright) embedded in an amorphous matrix (dark). Four
mobile crystals are marked and their trajectories are shown in (d) after
673min of AFM imaging (complete AFM movies on the Addon-CD). (b)
Sketch (top view) of the semicrystalline morphology: crystals are colored
blue. The crystal-amorphous interphase is shown in grey and a trajectory
of a crystal is shown in red. (c) Schematic side view of the ePP film.
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Figure 4.2 | (a) Distribution of the radius ri of diffusing crystals for the
experiment at T = 328K. The average radius is r¯ = (25 ± 5) nm. (b)
MSD-analysis of the four diffusing crystals at T = 328K, shown in Fig.
4.1a and Fig. 4.1b. The slope of the graphs were determined by fitting a
linear function to the data in an interval between 305 < τ < 5000.
in the amorphous regions and parallel aligned polymer chain in the crystalline
lamellae [56]. Large, immobile crystals result from epitaxially growth of lamellae
onto each other [73, 74, 75]. The grey colored regions in Fig. 4.1b correspond
to a crystal-amorphous interphase around the crystalline lamellae with polymer
chains which are partly integrated into crystals [147, 65]. As a result, polymer
chains in this crystal-amorphous interphase have a lower mobility [182, 146, 2]
and their entanglements are more stable than in completely amorphous regions.
In the side view scheme in Fig. 4.1c, the concerned polymer chains are indicated
in blue. We assume that the large crystals have grown from the substrate and
therefore are immobile.
MUSIC-mode measurements confirmed for ePP that an amorphous layer is al-
ways located on top of each crystalline lamellae and that the surface of the film
is smoothened by surface tension of the polymer melt [122, 69].
Figure 4.1d shows an enlarged image of the region indicated in Fig. 4.1a, and
the trajectories of the diffusing crystals for a time t = 673min. The trajectories
were measured with a time resolution of 305 s per image during an observation
time of 12 hours. A closer look at the trajectories of the small crystals indicates
diffusive motion. In contrast, the surrounding large crystals remain immobile
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Figure 4.3 | (a) Mean squared displacement (MSD) analysis of the tra-
jectory of crystal 1, shown in Fig. 4.1b (black line); standard deviation
boundaries (blue) [88]; linear fit to the data τ < 5000 s with the slope 4D
for a two-dimensional diffusion. (b) Average diffusion coefficient D¯ as a
function of the temperature T . The error bars indicate the standard devia-
tion. The red line fits the data based on theWilliams-Landel-Ferry equation.
(c) Diffusion coefficients Di of all mobile crystals at T = 328K as function
of their radius ri. The average diffusion coefficient D¯ and the average radius
r¯ are indicated with dotted lines. (d) Histogram of the diffusion coefficients
Di shown in (c).
and may form confinements for the diffusing crystals. The time-averaged mean
squared displacement MSD of each diffusing crystal are calculated by Eq. 4.1
[183]:
MSD(τ) = lim
tend→∞
1
tend
∫
(~R(t + τ)− ~R(t))2dt (4.1)
The plot in Fig. 4.3a shows the MSD of crystal 1 (Fig. 4.1a) as a function of
observation times τ (black curve). For all τ , it is enclosed by the blue curves,
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showing the calculated boundaries of the MSD-curve, defined by the doubled
standard deviation σ which indicates homogeneous diffusion [88]. For a two
dimensional Brownian motion (n = 2) [184], the diffusion coefficient Di of each
crystal can be calculated from a linear fit with the function
MSD(τ) = 2n ·D · τ. (4.2)
In Fig. 4.2b, the MSD of the four diffusing crystals, indicated in Fig. 4.1a,b,
are plotted as a function of the observation time τ . The diffusion coefficients
of the crystals show significant differences of one order of magnitude. While
the diffusion of crystal 1 is normal, the motion of the other crystals might be a
confined or sub-diffusive one.
In comparison to the diffusion coefficient of single molecules in polymers [171],
the diffusion coefficient of, for example, crystal 1 (D1 = 8.5 × 10−19m2/s) is
several orders of magnitude lower which is due to its the approximately ten times
larger diameter of the crystals.
Einstein formulated the SEE for spherically particles which diffuse through a
homogeneous viscous liquid by
D =
kBT
6piη(T )r
(4.3)
where r is the radius of the diffusing particles. If the SEE is applicable, to de-
scribe the diffusion of the small crystals in the present experiments, it can provide
access to the effective viscosity of the amorphous regions.
We performed experiments at five different temperatures T between 298K and
333K. In each experiment we measured trajectories of 40 diffusing crystals and
averaged the obtained diffusion coefficients Di to analyze the temperature de-
pendence of the diffusion. It is shown in an Arrhenius-plot in Fig. 4.3b with D¯
as a function of 1/T . The error bars are the standard deviation determined by
the averaging of the diffusion coefficients. The SEE, with the viscosity being
substituted by the Williams-Landel-Ferry -function (WLF) [36], is fitted to the
data. The fit parameters of the WLF-function C1 = 31 and C2 = 48K are in
the expected range for polymer melts [149]. The glass transition temperature
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TG = 268 K is used as the reference temperature Tr [149]. The data can be
well described by the fit in the temperature range between 310K < T < 333K,
however, the fit does not extend to room temperature (T = 298K). The thermal
drift during AFM imaging was checked for being responsible for the discrepancy
by analyzing the trajectories of large crystalline objects with the same algorithms,
that are used for the diffusing crystals. This sets the lower limit for determining
D. The influence of the thermal drift on the diffusion coefficients is smaller than
∆D/D < 0.05 and is therefore neglected.
Another variable in the SEE formula is the radius r of the diffusing particle. Fig-
ure 4.3c shows the size dependence of the diffusion coefficients Di of the crystals
for T = 328K. Error bars of the radii correspond to the limited resolution of
the AFM with approximately 5 nm per pixel. To calculate the error bars of the
diffusion coefficients we used the ±2σ boundaries condition [88] which gives a
relative error ∆Di/Di ≈ 0.15. In contrast to the expectations from the SEE, the
data points scatter and do not follow a power law D ∼ r−1. This indicates that
the diffusion of the crystals is influenced by an additional parameter. A loga-
rithmic histogram of the diffusion coefficients Di of all crystals, observed in the
experiment at T = 328K, shows the heterogeneity of the diffusion coefficients
in more detail (Fig. 4.3d). It shows a maximum near the average diffusion coef-
ficient of D¯ = 3.8× 10−19m2/s. The distribution of diffusion coefficients Di of
crystals indicates that their diffusion is influenced by local heterogeneities in the
amorphous regions. Comparable heterogeneities were already shown by other
groups for the translational diffusion of single molecules in amorphous polymers
[97]. The question arises which kind of heterogeneities exist in the present case.
Firstly, do heterogeneities correspond to only a few crystals or to all of them?
Secondly, does the influence of the heterogeneities change depending on the
position of the crystals with respect to the immobile crystal confinement?
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4.3.1 Exploration of the crystal-amorphous interphase
For answering these questions we have analyzed the temporal evolution of the
step length per frame ` of each crystal. This analysis is shown in Fig. 4.4a
for crystal 3. The step length per frame ` decreases significantly after 20000 s.
For comparison, the smallest distance between the immobile crystal confinement
and crystal 3 dC is also plotted in Fig. 4.4a (blue line). Obviously, its average
d¯C,1 is reduced from roughly 100 nm to d¯C,2 = 17 nm after an observation time
of 20000 s. An inspection of the trajectory shows that at this time, crystal 3
"attaches" to an immobile crystalline lamella. Therefore, the trajectory is split
at 20000 s in two parts to calculate the diffusion coefficients of the two parts
of the trajectory (see Fig. 4.4a). The diffusion coefficient D3,1 for diffusion in
the amorphous regions is three times larger than D3,2 for close distance to the
crystal confinement.
Figure 4.4 | (a) Temporal evolution of the step size in the trajectory of
crystal 3 (black) and the distance dC to the next nearest immobile crystal
(blue); the diffusion coefficients D3,i and the average distance d¯C for t <
20000 s and t > 20000 s are indicated. (b) Sketch of a mobile crystal
close to an immobile lamella. The crystalline region is shown in blue, the
crystal-amorphous interphase in grey. (c) The diffusion coefficients Di of
two classes (see text) of crystals as a function of their average distance
to the next-nearest immobile crystal. The error bars indicate the standard
deviation of d¯C.
76
4.3 Results
The diffusion behavior of crystal 3 is not an exception, as we found 10 of 39
other crystals which show the same slow-down in diffusion, when their trajectory
approach large immobile crystalline lamellae. Each of these trajectories is han-
dled in the same way as shown in Fig. 4.4a. Distinguishing between the different
behaviors of the diffusing crystals requires a categorization. While crystals of
class I have a trajectory with a relatively constant distance dC, the distance dC
of class II crystals changes significantly during the experiment. Fig. 4.4c shows a
plot of the diffusion coefficients of the two classes as a function of the temporal
average distance dC of each crystal to the immobile crystalline lamellae. The
error bars of d¯C are determined by averaging along each trajectory and therefore
correlate with the diffusion coefficient of the crystals. For dC > 50 nm, the
diffusion coefficient of the crystals is close to the average diffusion coefficient
D¯328K = 3.8× 10−19m2/s. In contrast, for dC < 50 nm the diffusion coefficients
of the crystals are reduced by up to three orders of magnitude. Fig. 4.4c indi-
cates that this finding is valid for both crystal classes.
Figure 4.5 | (a) Logarithmic distribution of the effective viscosity for the
experiment at T = 328K. (b) Arrhenius-plot of the arithmetically averaged
effective viscosity η¯. The red graph is a fit of the WLF-function to the data.
While its not clear if the SEE is valid for the shown diffusion of crystals, a
magnitude for the effective viscosity around the crystals can be estimated. Fig.
4.5a shows a logarithmic histogram of the effective viscosities, obtained from
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the trajectories of all diffusing crystals at the temperature of T = 328K. The
maximum of the distribution is η = 30000Pa·s which corresponds well to the
viscosity of similar types of ePP, measured with macroscopic rheological exper-
iments [78]. The temperature dependence of the effective viscosity is shown in
an Arrhenius-plot in Fig. 4.5b. The red colored graph indicates a fit of the
Williams-Landel-Ferry function with the same fit parameters as used for the fit
in Fig. 4.3b.
4.3.2 Diffusion of a large lamella
Figure 4.6 | (a-f): AFM phase images of a crystalline lamella at six different
times during the experiment at T = 328K. The points 1 and 2 label the
two ends of the mobile lamella. Their trajectories are shown in (f). (g)
Decomposition of the step-vector ~d between two frames at times t and
t + τ into components parallel and perpendicular to the lamella orientation.
(h) MSD-analysis of the step sizes parallel and perpendicular to the lamella
orientation.
To this point, only the diffusion of typically 50 nm sized spherical crystals was
discussed. Experiments at temperatures ≥ 323K reveal that even larger crystals
can diffuse. For example, long arms of otherwise immobile crystalline lamellae
begin to shake and ≈ 100 nm long individual crystalline lamellae move through
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the amorphous matrix. Figure 4.6 shows an example of such a diffusing crystalline
lamella at 6 consecutive snap shots during the experiment at 328K. The ends
of the lamella are marked with a blue and a yellow dot. The lamella length is
135 nm and its center diffuses 2.67 µm during the observation time of 13 hours.
The trajectories of the two ends of the lamella can be seen in the Fig. 4.6f.
The visuals inspection of the corresponding AFM movie (Addon-CD) indicates
that the lamella only diffuses over large distances for a parallel orientation to the
moving direction.
To analyze this quantitatively, we calculated the MSD curves for the projections
of the distances on the parallel and the perpendicular axis of the crystal. A
visualization of the mathematical approach is shown in Fig. 4.6g. The scalar
product of the orientation vector ~o and the diffusion vector ~d gives the angle
between them, which enables us to calculate the projections of ~d on the parallel
axis (d‖) and perpendicular axis (d⊥) of the crystal. The plot in Fig. 4.6h
shows theMSD curves which were calculated from the parallel and perpendicular
projections of the diffusion vector ~d for observation times τ < 21960 s. Both
MSD-curves show an increase of their slope. The slope of theMSD curve of the
parallel projection increases to larger values earlier than that of the perpendicular
projection. This indicates that on average the lamellae moves further, when it
is oriented parallel to the movement direction.
Additionally, the diffusion of the lamella is disturbed by heterogeneities of the
surroundings. During the time interval 21960 s < t < 34770 s, the lamella is
immobilized while it is oriented with an angle of ∼ 80◦ with respect to the
immobile crystal confinement (see Fig. 4.6f).
4.4 Discussion
The scattered data in Fig. 4.3c indicates that the size dependence of the diffu-
sion coefficient does not obey to the expected power law D ∼ r−1 and is rather
caused by spatial and temporal heterogeneities in the amorphous regions [40, 97].
Indeed, the data in Fig. 4.4c show that the distance of the diffusing crystals with
79
4 Brownian motion of polymer crystals in a semicrystalline polymer
respect to immobile crystalline lamellae dC can be identified as one parameter,
describing these heterogeneities. For dC in the range 0 < dC < 50 nm, the diffu-
sion coefficients of some crystals decreases by up to three orders of magnitude.
This slow-down is much larger than the slow-down by a factor of 0.5 that is
expected for the change from 2D to 1D diffusion in the vicinity of the immobile
crystalline lamellae. We assume that this decrease is the result of an interphase
with reduced mobility around every crystal [64, 146, 147, 65]. In this crystal-
amorphous interphase, polymer chains are partly incorporated into the crystals,
which results in an increased stability of their entanglements with other chains
[146, 185]. With increasing distance to the crystals, the alignment of polymer
chains decreases [186].
In contrast, entanglements of completely amorphous and randomly coiled poly-
mer chains are continuously formed and disentangled due to reptation [140]. We
assume that this difference in stability between the two kinds of entanglements
is responsible for the reduced diffusion coefficients of diffusing crystals close to
other immobile crystals. The thickness of the crystal-amorphous interphase dIP
can be estimated as follows:
2 · dIP = d∗C − r¯ = 25 nm (4.4)
with the characteristic distance d∗C, where the diffusion coefficients begin to de-
crease, and the average radius of the crystals r¯ (see Fig. 4.4b). It can be
concluded that for d < d∗C the interphases of both crystals are in direct contact
with each other. It is also interesting to compare the estimated dIP = 12.5 nm
with the radius of gyration of a completely amorphous polymer chain (in our
case RG = 19 nm [149]). Moreover, the size of dIP is comparable to the typical
thickness of crystalline lamellae of 15 nm.
Another interpretation of reduced diffusion coefficients close to other large crys-
tals could be an attractive crystal-crystal-interaction. For the α-modification of
polypropylene it is well known that epitaxially growth of two crystalline lamella
onto each other can only occur, if they share an energetically preferable angle
of 80◦ between them [73, 75]. This leads to a larger sticking probability for a
diffusing crystal, when approaching another crystal with this approaching angle.
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Some crystals, for example crystal 2 in Fig. 4.1b, remain always close to a
large immobile crystal. This can be explained by the polymer chains which are
partly incorporated into both of them. It is known that tie-chains form between
crystalline lamellae in samples of high molecular weight polymers [187]. Such a
connection between a diffusing crystal and another crystal would lead to a re-
stricted motion of the first one. This restriction can be seen in the MSD-graph
of crystal 2 (Fig. 4.2b). The decreasing slope for long observation times is often
correlated to a confined diffusion [88, 188].
The broad distribution of diffusion coefficients Di, shown in Fig. 4.3d can have
several other reasons, apart from the heterogeneities of the semicrystalline mor-
phology. On the one hand, the maximum at D328K,max = 0.38 nm2/s might arise
from an influence of the polymer film surface, where a reduced viscosity was
reported for polymer melts [189]. On the other hand, low diffusion coefficients
might correspond to crystals with a lateral dimension that is larger than the film
thickness d = 60 nm. As a result, their diffusion is hindered due to direct con-
tact with the surface. This is supported by the fact that no diffusing crystals are
found in 20 nm thin ePP films (not shown in this work).
Some diffusing crystals deviate from the spherical shape such as the diffusing
lamella, shown in Fig. 4.6. Its diffusion depends on its orientation with larger dif-
fusion coefficients, when aligned parallel to the moving direction with D‖ > D⊥.
This was also shown by Bitsanis et al., who have simulated the diffusion of rod-
like shaped objects in solutions with low concentrations [190]. One reason lies in
the different hydrodynamic radius of the crystal with respect to the direction of
movement. A large hydrodynamic radius, such as for motions perpendicular to
the crystal orientation reduces the diffusion more than a smaller one. Another
reason could be that some passages through the immobile crystalline confine-
ment only allow for a specific orientation. A second aspect of the diffusion of
the lamella is that it dwells close to the immobile crystal confinement for long
times, when it is oriented in an angle of ∼ 80◦ with respect to another im-
mobile crystalline lamella. This corroborates the previous mentioned attractive
crystal-crystal-interactions due to the energetically favored angle of the epitaxial
crystallization of the alpha-modification of polypropylene is 80◦ [73].
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4.5 Conclusion
The diffusion of crystalline lamellae in a thin film of semicrystalline polymer was
measured by means of AFM with a spatial resolution of 5 nm. In contrast to
other experiments, this was possible without the need of adding labeled dye
molecules or nanoparticles. The temperature dependence of the crystal diffu-
sion can be described by a model based on spherical particles diffusing through
a viscous medium. However, the expected power-law dependence on the size of
the crystals could not be found which we explain with spatial heterogeneities in
the microstructure of the semicrystalline polymer. These heterogeneities were
revealed with trajectories of the diffusing crystals that showed a significantly re-
duced diffusion coefficient close to other large immobile crystals (dC < 50 nm).
This is direct evidence for the existence of a crystal-amorphous interphase, where
the mobility is reduced, due to the increased stability of entanglements.
The diffusion of a large lamella with an aspect ratio 7 : 1 was also observed. Its
trajectory revealed that its diffusion coefficient depends on the orientation with
respect to the direction of diffusion with larger diffusion coefficients for parallel
alignment in the direction of movement.
This work stimulates new experiments for measuring, for example, the entan-
glement density fluctuations after preparation and during aging processes [141]
with translational diffusion of stiff particles, such as polystyrene beads in an amor-
phous polymer [175]. The presented analysis of the diffusion of a non-spherical
lamella could also be applied to experiments on the diffusion of carbon nanotubes
in polymer networks [191].
4.6 Materials and Methods
Samples. 10mg of elastomeric polypropylene ePP P024 (MW = 285 kDa,
[mmmm] = 22%; synthesized by A. Schöbel in the group of B. Rieger, TU
Munich, Munich, Germany [136]) were solved in 1ml of toluene. 60 µl of the
ePP-toluene solution was spun-cast (2000 rpm for 75 s) on a silicon substrate
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with native oxide layer. After preparation, the sample was annealed above at
T = 423K in air for 3min.
AFM imaging. IC-mode AFM images were measured with a Nanowizard II
(JPK, Berlin, Germany) and standard silicon tips (type Pointprobe NCH,
Nanoworld, Neuchâtel, Switzerland) with a resonance frequency of approximately
300 kHz. The frame rate and the size of the images was chosen for optimal
temporal as well as spatial resolution (mostly 305 s per image, experiment at
T = 328K: 5 µm x 2 µm; 1024× 410 pixels). The temperature was controlled
with a HTHS in-situ heat stage (JPK, Berlin, Germany) during the AFM imag-
ing. The film thickness d = 60 nm was measured with AFM.
Image analysis. AFM phase images were 1st-order-flattened with the software
Gwyddion [137]. The contrast of the image sequences was enhanced with the
software tool ImageJ [139]. The registration of the image sequence was exe-
cuted in Fiji with the registration plugin StackReg and the option translation only
to eliminate local drift. Trajectories of the diffusing crystals were extracted using
the software ImageJ [139] and its plugin Manual Tracking, giving an ASCII-file
with trajectory-number, slice-number, and x- and y-coordinates of the crystals.
This file was analyzed with a self-written Matlab-algorithm for calculation of the
mean squared displacement for all observation times. The distances dC were
calculated with a self-written Matlab-algorithm, utilizing the dist-function and
a binarized image [138] of the AFM phase image, where diffusing crystals were
eliminated. The software Origin was used for further data analysis, fitting and
plots.
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In this thesis, the micro-mechanical behavior as well as the nano-mechanical prop-
erties of the semicrystalline microstructure of elastomeric polypropylene (ePP)
films were studied by means of time-resolved AFM imaging.
Directly after film preparation, crystallization begins from a completely amor-
phous sample. The density of the formed crystals ρC and their growth are
determined by the annealing conditions. Simultaneously performed sequential
micro-tensile testing experiments revealed that, the linear elastic regime of each
stress-strain cycle increases during crystallization. This confirms the model that
the forming crystals act as physical knots, comparable to cross-links in rubber
[41]. Furthermore, the decreasing distance between the crystals dC results in an
increasing elastic modulus E.
In Chapter 2.2, time-resolved measurements of the nano-mechanical surface
properties during crystallization were presented. The data suggest that for a
short period of time, the amorphous material undergoes a temporal softening
before the material crystallizes. After crystallization stops, an amorphous top-
layer is can be found on every crystal which is in line with previous findings
[122, 68]. The remaining amorphous material is softer than before crystalliza-
tion. All findings can be explained in terms of the unique chemical structure
of ePP with a random sequence of isotactic (crystallizable) and atactic blocks
along the polymer chains.
After crystallization of ePP, the crosshatch structure (CHS) can form. The
unique auxetic behavior of this morphology upon uniaxial elongation was pre-
sented in Chapter 3. Fixed branching angles are found to be the reason for this
auxetic behavior [160, 15]. The negative local Poisson’s ratio of this deforma-
tion depends on the orientation angle θ between the quadrangles of the CHS and
the global stretching direction. This dependency deviates from previously estab-
lished models for the auxetic behavior of quadrangles of ePP on the 100-nm-scale
[15]. Irregularities in the CHS as well as the complex deformation behavior of
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crystalline lamellae (bending and kinking) were identified as reasons for these
deviations. After the mechanical stress is released, the auxetic deformation of
CHS relaxes reversibly.
After crystallization has ceased, liquid-like dynamic processes are still in progress
which exhibit the liquid-like behavior of the amorphous regions of ePP. In chap-
ter 4, AFM studies of the diffusion of typically 50 nm small crystals were shown.
Mean squared displacement analysis of their trajectories reveal a temperature
dependence that can be described by the Stokes-Einstein equation and Williams-
Landel-Ferry function. The broad distribution of diffusion coefficients Di results
from heterogeneities in the amorphous regions in close distance to crystalline
lamellae. The decrease of diffusion coefficients by several orders of magnitudes
in the vicinity of large crystalline lamellae can be explained with an interphase
layer around each crystalline lamellae with a thickness of dIP ≈ 12 nm, where
the effective viscosity is increased. Additionally, the diffusion of a crystalline
lamella is increased, when their longest axis is oriented parallel to the direction
of motion.
The potential of the methods employed as well as the findings made in this
thesis for the future study of semicrystalline polymers are manifold. The combi-
nation of AFM techniques and simultaneous mechanical testing can be used to
determine how different microstructures of semicrystalline polymers, or a tran-
sition between them, influence the material’s mechanical properties. Sequential
MUSIC-mode AFM measurements on a two-dimensional map would allow to
image the temporal evolution of nano-mechanical properties during the crystal-
lization of an individual lamella in three dimensions. This approach would also
be suitable for studying the diffusion of a crystal, close to an immobile lamella
and for correlating the findings of the local microrheological analysis with the
measured local nano-mechanical properties of the specimen.
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Insbesondere meinen Eltern möchte ich danken, denn von Ihnen habe ich gelernt
alle Entscheidungen sowohl mit meinem Kopf als auch mit meinem Herzen zu
fällen.
Zu den wichtigsten Menschen in meinem Leben zählt natürlich meine liebe
Schwester, Marion. Freuden und Sorgen haben wir geteilt und ich hoffe, dass
bleibt für immer so.
Meine liebe Anne-Marie, vom ersten Tag an mischst Du meine Farben zu neuen
kräftigeren Nuancen. Das war auch während der Promotion nicht anders. Ich
danke Dir für Dein tiefes Verständnis und die Unterstützung. Ich freue mich auf
unsere gemeinsame Zukunft.
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